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Summary

Micro-mechanical Characterization

of Ductile Damage in Sheet Metal

Triggered by the recent popularity of advanced high strength steels (AHSS) and
aluminium alloys for weight-reduction in automotive components, industrial inter-
est in deformation-induced ductile damage in sheet metal is increasing in the last
decades. Severe deformation during forming or service triggers different damage
micro-mechanisms in the multi-phase microstructures of these materials, leading of-
ten to unpredicted failures. These failures can be avoided by (a) the optimization of
metal microstructures to be less susceptible to damage-induced failures, which re-
quires experimental characterization of damage micro-mechanisms or (b) the incor-
poration of continuum damage models in forming simulations to design forming op-
erations within safe deformation limits, which requires experimental quantification
of damage accumulation. However, both strategies are hampered by the limitations
of the currently available experimental diagnostics. Therefore, the aim of this work
is to develop new experimental methodologies that allow for (i) characterization of
damage micro-mechanisms and (ii) accurate quantification of damage accumulation,
with a focus on industry-relevant sheet metal.

As a starting point, the influence of damage evolution on localization and fracture
is investigated by deforming two steels of different microstructure in different strain
paths. The results revealed that for microstructures with many damage mechanisms
(e.g. AHSS), damage accumulation significantly affects both necking and fracture
limits, verifying the strong need for thorough characterization of damage micro-
mechanisms in different strain-paths. The analysis of these mechanisms requires
the development of a miniaturized testing setup that could fit within a scanning
electron microscope (SEM) to track deformation-induced microstructure evolution
in real time. To this end, a miniaturized Marciniak test setup is designed, built and
tested, which allows the real-time, multi-axial testing of industrial sheet metal to the
point of fracture within a SEM. A major benefit of the in-situ analysis with miniatur-
ized equipment is the possibility of obtaining evolution of local strain distribution at
the microstructure level, as demonstrated in a case study that clarifies the mechani-
cal influence of the morphology and properties of microstructural banding in steels.
The effect of band continuity and hardness are elucidated, yielding a clear detrimen-
tal influence especially for hard bands with a continuous morphology. Finally, an
improved experimental methodology is developed to analyse 3D features of ductile
deformation, with minimum specimen preparation artifacts.

ix



x SUMMARY

For the damage quantification problem a wide variety of experimental method-
ologies have been proposed in the literature, without a thorough evaluation with
respect to measurement accuracy, precision, practicality, etc. To determine the
most suitable damage quantification strategy for continuum damage models, dam-
age morphology-based damage quantification methodologies (the volume fraction
methodology, area fraction methodology, or density measurement methodology)
and material property-based damage quantification methodologies (the indentation-
based methodology, modified indentation methodology and micropillar compres-
sion methodology) are comparatively analyzed. The obtained results clearly in-
dicated that methodologies that quantify ductile damage through its morphology
have limited accuracy and probe a narrow damage spectrum, revealing the need
for accurate material-property based damage quantification techniques. The in-
dentation based methodology is a widely used example of such methodologies,
however, a numerical-experimental analysis revealed that it cannot be used for
this purpose, as the damage-induced degradation of both hardness and modulus
is masked by other deformation-induced microstructural mechanisms (e.g. grain
shape change, texture development, etc.). To this end, two original mechanical
property-based damage quantification methodologies are proposed in this work.
A new indentation-based methodology is developed and evaluated, that eliminates
the influence of the microstructural heterogeneity to properly capture the damage-
induced degradation of indentation hardness and modulus. And finally, an elastic
compression-based methodology is developed where the elastic damage parameter
is obtained through the deformation-induced degradation of the compression mod-
ulus of electro-discharge machined micropillars. The results from these two method-
ologies clearly indicate that methodologies that quantify ductile damage through
its influence on a mechanical property (e.g. hardness, modulus) have significantly
higher accuracy, and therefore more suitable for identifying damage parameters for
continuum damage models.



CHAPTER ONE

Introduction

The human curiosity to understand failure of materials goes back to the early days of
the struggle between mankind and nature; a hunter trying to sharpen his arrow or a
caveman trying to carve an image of his daily life on the walls of his cave must have
wondered if there would be possible ways to make their tools more durable (figure
1.1). Undoubtedly, we have come a long way since those days in terms of the un-
derstanding of material behavior, which we now apply to the development of much
more sophisticated tools and technologies than the arrows and chisels of our ances-
tors. In fact, material failure is in the heart of the technical revolution throughout the
decades (e.g. in the aerospace industry).

Figure 1.1: Ancient chisel with a hairline crack [1].

Despite this progress, technological demands and requirements are ever-increasing
to improve human comfort and safety. A clear example of the progress driven by
such motivations can be seen upon close inspection of the complex design of today’s
automotives, in which a wide range of new multi-functional materials (e.g. advanced
high strength steels, composites, shape memory alloys, etc.) are used to boost speed,
acceleration, traction, driving comfort and crash-safety. Of course, the use of such
complex materials is not limited to the automotive industry but wide-spread to many

1



2 1 INTRODUCTION

products (from soda cans to laptop computers) where superior performance, multi-
functionality and durability are required.

1.1 New Materials, New Failure Mechanisms

While new materials are being developed to provide such superior properties (often
by manipulating the material at the micron-scale), it becomes more and more diffi-
cult to analyze, understand and predict their behavior with existing techniques. This
is especially challenging for metals, where the industrial drive towards an enhanced
performance is strongest. A transformation-induced plasticity (TRIP) steel, for ex-
ample, allows enhanced ductility and strength that is typically required in the form-
ing operations of automotive bodies (figure 1.2). It is known that the improvement
in the mechanical behavior (e.g. with respect to more conventional high-strength
low alloy (HSLA) steels) is achieved due to the microstructural transformation of
the existing metastable austenite phase to martensite during deformation. However,
a detailed understanding of the resulting failure mechanisms (to enable prediction
of safe deformation limits in different forming operations) remains to be achieved.
Similar challenges have arisen for many other new metals (dual-phase steels, nanos-
tructured metals, thin metal films, etc.) making fracture-sensitivity a major concern
for the industry and a challenging topic for research.

Figure 1.2: New steels (e.g. transformation-induced plasticity (TRIP) steel, dual phase
(DP) steel, martensitic (MS) steel, etc.) provide enhanced combination of
ductility and strength compared to traditional steels [2].

In ductile metals failure usually occurs through a number of characteristic steps (i.e.
severe deformation, diffuse necking, localized necking) avoiding instantaneous loss
of integrity. In fact, in most industrial cases (e.g. sheet metal forming operations) the
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failure criterion is identified with the point of necking (strain localization). However,
both in forming operations (e.g. the hemming process of new aluminium alloys for
car door panels (figure 1.3a), or in service (e.g. crash performance of advanced high
strength steel crash box structures in cars bodies (figure 1.3b) failure without prior
strain localization has been reported by the industry, which cannot be predicted with
the available simulation tools.

(a) (b)

Figure 1.3: Severe roughening and failure as observed in (a) the hemming process
of aluminium 6016 alloys, and (b) crash box structures of dual phase 600
steel.

1.2 The Important Role of Damage Evolution

What triggers the fracture in the absence of localization is the deformation-induced
damage evolution (i.e. accumulation of microvoids, microcracks, and other similar
defects causing the softening of the material upon severe deformation). These dam-
age mechanisms do not only depend on the composition and microstructure of the
material, but also on the sample and loading conditions (e.g. geometry, stress state,
strain path, etc.). For example, it is known that microvoid nucleation occurs pri-
marily through martensite cracking and martensite-ferrite decohesion in dual phase
steels. However, the activity of these mechanisms depends strongly on the marten-
site fraction, martensite carbide content and martensite morphology, as well as the
applied strain path (as shown, e.g., in chapter 2 of this thesis). Accordingly, the
remedy for undesirable damage-induced fracture from a metallurgical perspective
would be optimizing the metal microstructures to be less sensitive to damage micro-
mechanisms. This strategy, however, calls for an in-depth understanding of the in-
fluence of each of the above mentioned microstructural and operational parameters
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on the occurring microstructural damage mechanisms through detailed experimen-
tal characterization (figure 1.4a). On the other hand, fracture should be predictable
through a mechanics approach, by enhancing the predictive capabilities of the simu-
lations in order to design forming operations that subject the material to less severe
loading paths. This can be achieved by incorporating continuum damage models in
forming simulations to take damage evolution (and hence damage-induced failures)
into account (figure 1.4b). Interestingly, this strategy also calls for adequate exper-
imental input, since the predictive strength of continuum damage models relies on
the accuracy of the experimentally obtained and material-specific damage evolution
parameters.

Figure 1.4: (a) Experimental observation of damage nucleation through martensite
cracking in DP steel. (b) Damage prediction through simulations can real-
istically predict damage evolution in score forming operations [3].

Evidently, there is a clear need for detailed experimental analyses of damage phe-
nomena in these advanced materials, (i) to characterize active microstructural dam-
age mechanisms in order to qualify their initiation, evolution and interaction and (ii)
to measure the damage evolution in a quantitative manner. Presently available ex-
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perimental techniques do not suffice the requirements for these goals. For example,
macro-scale deformation tests and post-mortem fractography analyses have been tra-
ditionally used to characterize metal deformation, but the identification of the dam-
age mechanisms in complex microstructures requires in-situ testing methodologies,
providing real time analysis of microstructural deformation mechanisms. Similarly,
it is questionable whether existing damage models can be predictive by using con-
ventional damage parameters only (e.g. void area fraction calculations) to predict
accurate forming limits.

1.3 Goal of this Thesis

The aim of this work is to develop new experimental methodologies that allow for
(i) characterization of damage micro-mechanisms and (ii) accurate quantification of
damage accumulation, with a focus on industry-relevant sheet metal.

1.4 Outline of the Thesis

The thesis consists of two parts addressing the two goals stated above. In the first
part, consisting of the first 4 chapters, the damage characterization problem is stud-
ied:

• In chapter 2, damage mechanisms, including their accumulation and evolution
to fracture is analyzed for two typical distinct microstructures (dual phase steel
and interstitial-free steel) at different strain paths and stages of deformation.

• In chapter 3, the design of a miniaturized multi-axial testing setup is presented,
which allows testing of sheet metal under different strain paths up to the point
of fracture, under real-time, in-situ microscopic examination.

• In chapter 4, using a microstructure-based digital image correlation methodol-
ogy, image sequences obtained from in-situ SEM deformation experiments are
analyzed to reveal damage micro-mechanisms within segregation bands in DP
steel.

• In chapter 5, an improved brittle-fracture based experimental methodology is
presented whereby deformation induced micro-events in ductile sheet metal
can be visualized avoiding any specimen preparation-induced effects.

The second part consists of the following 4 chapters, addressing the damage quan-
tification issue:
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• In chapter 6, the accuracy and applicability of common direct (geometrical)
and indirect (mechanical) damage quantification methodologies is analyzed
and compared.

• In chapter 7, the well-known indentation-based damage quantification
methodology is critically analyzed, and shown to be intrinsically-deficient due
to masked plasticity effects that are probed in the experiment.

• In chapter 8, a new indentation-based methodology is developed that metallur-
gically resolves these masking plasticity effects existing in the original method-
ology through adequate heat treatments.

• Chapter 9 reports a new damage quantification methodology based on elastic
micropillar compression test, that circumvent the above-mentioned plasticity
effects by performing purely-elastic deformation tests.

Finally, general conclusions of the study and outlook is presented.



CHAPTER TWO

Strain Path Dependent Ductile

Damage Mechanics and Forming

Limits1

Abstract

This paper contributes to the physical understanding of sheet metal micro-mechanics
by addressing the influence of damage evolution on localization and eventually duc-
tile fracture in different strain paths. For this purpose, two steels of different mi-
crostructure are deformed in different strain paths, along which forming and frac-
ture limit curves are measured. Microstructural damage mechanisms are character-
ized and compared for different strain paths (i.e. uniaxial, plane strain and biaxial
tension) and at different stages of deformation (i.e. before localization, after localiza-
tion and at fracture). Interesting results are obtained revealing generic relationships
between microstructure evolution (e.g., damage accumulation), localization (form-
ing limit curve) and fracture (fracture limit curve). For single phase microstructures
with limited damage sources, damage is initiated as a result of a developing plastic
instability (localization), and therefore does not have a significant role on the form-
ing limits. For microstructures with more damage mechanisms, however, the dam-
age accumulates even before localization, and significantly affects both necking and
fracture limits.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, C.H.L.J.ten Horn, M.G.D. Geers, Experimental
Analysis of Strain Path Dependent Ductile Damage Mechanics and Forming Limits, Mechanics of
Materials, 41(11), 1264-1276, (2009).

7
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2.1 Introduction

The last decades were marked by the introduction of advanced high-strength steels
(AHSS) in the sheet metal forming (SMF) industry, e.g. the dual-phase (DP) and
transformation-induced plasticity (TRIP) steels. Driven by strong weight reduction
demands, there are also ongoing efforts to replace steel in automotive applications
with low-weight aluminium alloys, especially the Al5xxx and Al6xxx series. These
developments introduced new challenges to the industry [4–6].

The first challenge concerns the mechanical performance of these new alloys during
forming and/or service. Although many AHSS grades are reported to have superior
strength-to-ductility ratios, it is also reported that the improved strength-to-weight
ratio of these steels may be accompanied by a reduction in ductility. Reduced duc-
tility possibly results in failure without significant energy absorption, which is un-
acceptable for car components that are designed to absorb maximum energy upon
crash. Similar problems are also encountered with aluminium alloys. [6], for exam-
ple, reported significant differences in fracture behaviour of direct chill cast and con-
tinuous cast Al-Mg alloys with identical necking limits. In addition, severe rough-
ening and cracking are reported to be critical limitations for the hemming of some
Al6xxx alloys [5]. It therefore remains a challenge for sheet metal manufacturers to
optimize the microstructure of these alloys using the feedback from the forming in-
dustry and, vice verse, for the forming industry to design the forming operations to
yield maximum service performance for a given material. This challenge requires
an in-depth understanding of the evolution of the microstructure upon deformation
leading to the failure of the material.

The second challenge relates to the experimental and numerical tools that are cur-
rently employed to predict the limits of forming. The reduced ductility and the
increasing risk of ’neckless’ fracture hampers the predictive capabilities of the con-
ventional tools, which rely on localized necking as the limiting criteria for SMF pro-
cesses. Unpredicted fractures are attributed to the evolution of damage inside the
material, i.e. microvoids [7]. To address this problem and incorporate damage and
fracture into these tools, several empirical and microstructure-based fracture crite-
ria have been proposed, many of which are compared by [8]. Furthermore, ductile
damage models which aim to describe the interaction of damage growth and plastic
flow have also been developed, such as the Gurson-Tvergaard-Needleman family of
models [9–12]. Using such models instead of or complementary to the experimental
data may result in considerably improved predictions of failure in critical applica-
tions. However, these models are still not used extensively in the industry in their
present form due to the large number of material parameters involved, for which no
established experimental identification method exists. Improving on this requires a
better understanding of the interaction of material microstructure, forming operation
and the possible failure mechanisms.

To address the above-mentioned two challenges, a coupling between the deforma-
tion history of a given sheet at a certain strain path and the evolution of its mi-
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crostructure up to the point of failure is needed.

To track the strain path followed by the material and detect the limits of safe defor-
mation along this path, forming limit curves (FLC’s) are frequently used, which were
initiated by the work of [13]2. FLC’s represent the point of necking in different strain
paths, which is adopted as the failure criteria in present forming simulations. This
is a reasonable assumption for the forming of conventional steels (e.g. high strength
low alloy (HSLA) steels). AHSS’s on the other hand, may fail without a neck, through
premature ductile fracture. In such cases the experimentally obtained FLC’s repre-
sent a combination of necking and (also) fracture limits. In an effort to separately
probe these two criteria, many researchers have studied fracture limit curves (FrLC’s)
of relevant materials (notable examples include [8,15–21]). However, reported FLC’s
and the FrLC’s are not coupled to the evolution of the underlying microstructure to-
wards fracture, with the exception of the works of [8] and [20]. Even in the latter
two cases the attention is primarily focused on the final microstructure and not on
the evolution of the microstructure through the deformation process. It is therefore
difficult to generalize these observations in particular for different materials with
different microstructures that are to be formed in a variety of strain paths.

Parallel to the focus on FLC’s, there have been tremendous efforts in observing and
understanding the micromechanisms involved in the evolution of ductile damage
leading to fracture. Predicting ductile fracture requires an adequate understanding
of the physical mechanisms involved in this process, which necessitates experimen-
tal analyses of each stage of the ductile fracture process, i.e. void nucleation, growth
and coalescence. Upon deformation, microvoids have been reported to nucleate and
grow from: second-phase particles through matrix particle decohesion and parti-
cle cracking [22]; triple junctions between grains of identical phases [23]; interfaces
between different phases [24]; slipband intersections [25]; dislocation cell bound-
aries [26]; etc. The anisotropic nature of these mechanisms are clearly shown [27].
Effect of damage evolution on the global mechanical behavior and failure of indus-
trially relevant materials such as interstitial-free (IF) or dual-phase (DP) steel has also
been examined, see for example [28] and [29], respectively. However, similar to the
literature on forming limits, papers on damage and ductile fracture mechanisms are
generally also case-specific and a connection to FLC’s and forming parameters, such
as the strain path, is not provided.

This brief literature overview presented highlights the gap in the literature connect-
ing the mechanical behavior of new, advanced materials and the evolution of their
microstructure, up to the point of failure. The missing link between damage and
strain paths constitutes an important aspect in this sense. It is generally believed
that damage evolution, for most materials, occurs only after the point of localized
necking, and always faster in forming operations that involve a biaxial strain path.
For advanced metals, this assumption is correctly questioned in the literature. As
stated in [8] ”...The works in the literature emphasize on improving the ductile frac-

2A detailed background of the experimentation and interpretation of FLC’s are given in [14].
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ture criteria available, however, a detailed examination of the effect of strain or stress
state on the occurrence of a well-defined and quantitatively characterized mode of
failure is needed...”. The present work aims to close this gap and address the two
challenges advocated. Two different steels with different formability are deformed
along different strain paths and the resulting strains, FLC’s and FrLC’s are measured
and interrelated. In addition, full characterization of microstructural failure mecha-
nisms have been carried out using a scanning electron microscope (SEM). Through
extensive fractography analyses, microstructural damage evolution mechanisms are
determined. The activity of these observed damage micromechanisms are examined
at different strain paths and at different stages of deformation. An intrinsic connec-
tion is therefore identified between the FLC and the FrLC of the tested sheet metals
and the microstructural evolution and failure mechanisms.

2.2 Experimental Methodology

In a numerical approach, a fruitful strategy to study the influence of damage evo-
lution on formability characteristics of sheet metal is to switch on and off damage
evolution and observe its effects on the global formability of the sheet. Obviously,
this is not possible experimentally. Nevertheless, with a suitable choice of the ma-
terials a similar effect can be achieved qualitatively. For this purpose, two steels at
different extremes of formability are tested comparatively in this work: an advanced
high strength steel (DP) and a high formability steel (IF). The initial microstructures
of the DP and IF steels are presented in Fig. 2.1 and 2.2, respectively.

DP steel is composed of ferritic grains with martensite located at the grain bound-
aries (Fig. 2.1(a)). Limited amount of relatively soft, elongated manganese-sulfide
particles and hard aluminium oxide inclusions (Fig. 2.1(b)) are also identified in
the as-received microstructure. In terms of mechanical performance, these alloys
are known to exhibit relatively high global formability combined with an enhanced
strength due to the coexistence of ferrite and martensite phases [30]. However upon
deformation, local high stresses induced by the different formabilities of ferrite and
martensite is also reported to trigger damage nucleation [31]. The tested DP sheets
have a thickness of 1 millimeter, and a normal isotropy ratio, the so-called ’r-value’,
of approximately 1 (i.e. absence of normal anisotropy).

The IF steel, on the other hand, is a single phase material with equiaxed ferritic grains
(Fig. 2.2(a)). It has limited number of inclusions, which are mostly precipitated in the
grain boundaries. These second-phase particles are identified as aluminum oxides
(Fig. 2.2(b)) and titanium nitrides through EDX analysis. With its low carbon content,
fully ferritic microstructure and relatively low amount of inclusions, IF steel is one of
the most formable steels used by the sheet metal forming industry. The thickness of
the IF sheet material is 0.7 millimeters, and its r-value is approximately 2 (indicating
an increased resistance to thinning).

In order to deform these steels along different strain paths, specimens of different
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Figure 2.1: (a) Undeformed microstructure of DP steel (Transverse (TD) and normal
(ND) directions are indicated with the arrows.) (b) An aluminium oxide
inclusion in DP steel
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Figure 2.2: (a) SEM micrograph of the microstructure of undeformed IF steel, com-
posed of equiaxed ferritic grains. (b) An aluminium oxide particle in IF
steel.

starting geometries (i.e. Nakazima strips) are prepared (Fig. 2.3). The tests are done
according to EN ISO 12004-2:2008, with the only exception that the punch diameter
was 75.0mm instead of 100mm and the die inner diameter was 84.6mm instead of
105mm. For the equi-biaxial strain path, full circular blanks (radius of 166mm) are
used. To achieve a wide range of strain paths, the blank width is decreased to 140mm,
100mm, 80mm and 60mm. A regular measurement grid is applied to the surface
of each undeformed blank prior to deformation. The specimens are tested up to
fracture using a displacement-controlled hemispherical punch. Sufficient lubricant
is used to overcome friction effects between the punch and the tested sheets. All
specimens are tested such that the major strain axis coincides with the ”transverse
direction”, as this testing orientation show necking and fracture at lower strains.
Along with the fractured specimens, four specimens from each geometry (i.e. strain
path) are deformed to different levels of final strains, to determine the strain path
followed by each geometry up to fracture. This is accomplished by adopting different



12 2 STRAIN PATH DEPENDENT DUCTILE DAMAGE MECHANICS AND FORMING LIMITS

maximum punch displacements (65%, 75%, 85% and 95% of the punch displacement
at fracture). Local strains are obtained by measuring the separation of the grid points
using image correlation software (PHAST™). The necking strains for each strain path
are plotted and together these necking strain points form the FLC.

To plot the FrLC curves, the displacement of the grid points at the point of crack
initiation need to be determined in the major and minor directions. Measurement of
the minor strain is straightforward and can be easily done post-fracture. However,
the determination of the major strain is more challenging, and (as explained by [16])
can be done either directly from the displacement of grid points, or indirectly us-
ing the thickness at the point of crack initiation and volume conservation. Although
many researchers choose the latter methodology (e.g., [8, 15, 17]), our preliminary
tests showed that this approach leads to erroneous results due to the errors intro-
duced in thickness measurement. Therefore, in this work, an improved version of
the former (direct) methodology is used to determine the local major strains at the
point of fracture. For this, the distance between grid points on each side of the crack
is measured using the 3D position of each data point obtained from the image corre-
lation software. Then, the crack opening width is measured directly through optical
microscopy and subtracted from the calculated displacement.

eminor

e m
a

jo
r

Figure 2.3: Nakazima strips of different starting geometries are deformed in a hemi-
spherical punch test to generate the different strain paths in the center of
the test specimens, as schematically indicated on the major strain versus
minor strain graph.

To investigate microstructural changes in the IF and DP steels along certain strain
paths (i.e. uniaxial tension (UAT), plane strain tension (PST) and equi-biaxial ten-
sion (BAT)), metallographic examination is carried out with a scanning electron mi-
croscope (Philips XL30 ESEM-FEG), using both secondary and backscatter electron
modes. The specimens are deformed to different levels of final strains and mi-
crostructural analysis is carried out on their cross sections. To detect relevant changes
prior to localization, the specimens that are deformed to an accumulated strain just
below the FLC are prepared and analyzed from the top surface. To reveal the changes
after localization, a cross section of the localized neck is analyzed in each fractured
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sample (direction 1 in Fig. 2.4(b)). In order to directly measure thickness strains
at necking and at fracture, and to quantify damage evolution (i.e. void area frac-
tion), SEM images obtained at direction 1 are analyzed using a public domain image
processing software (ImageJ). Furthermore, using the same samples, the final failure
mechanism and the amount of damage evolution at the points of fracture is analyzed
by examining the fracture surfaces (direction 2 and 3 in Fig. 2.4(c)).

Figure 2.4: Viewing directions 1,2 and 3 for fractography analysis: (a) full FLC spec-
imen from the top, (b) thickness cross section perpendicular to the crack,
and (c) fracture surface.

2.3 Strain Path and Microstructure Evolution up to

Failure

In the Nakazima test, the loads exerted by the punch on the sheet induces the de-
formation leading to fracture. This process involves a number of different stages, i.e.
elastic, uniform plastic and localized plastic deformation, until the point of failure. In
the following subsections, the changes in the microstructure of each IF and DP steel
specimen is analyzed at different levels of deformation, and subsequently coupled
to the strain path experienced by each specimen.

2.3.1 Deformation up to localization

The first stage in the deformation of the specimens can be referred to as the uni-
form deformation stage, as the strain profile remains approximately constant over
the length of the sheets with an increase towards the center (see e.g. 65%, 75% and
85% profiles in Fig. 2.5 for the UAT specimens of (a)IF and (b)DP steels, and also the
corresponding local strain distributions in the same samples (c)). Due to the differ-
ent Nakazima strip starting geometries, each specimen experiences a different strain
path, as shown in Fig. 2.6(a) for IF steel and (b) for DP steel. Note that for all geome-
tries the deformation is initiated in a linear path towards the point of necking (FLC),
however, the slope of these linear paths (i.e. strain ratios (β) up to FLC in Table 2.1)
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is different for the same geometries of the two steels due to the difference in nor-
mal anisotropy. The higher r-value of IF (r=2) compared to DP steel (r=1) indicates a
greater resistance to thinning for IF steel, which explains the observed lower minor
strains (i.e. lower values of beta) for all strain paths except (of course) biaxial strain,
as induced by the volume conservation under plastic flow.
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Figure 2.5: The evolution of the major strain along the longitudinal loading direction
of (a) the IF specimen and (b) the DP specimen, both deformed in UAT.
The major strain distribution plots of the entire samples are also given in
(c).

Table 2.1: Strain ratios (i.e. ratio of minor strain to major strain) and the accumu-
lated damage (i.e. void area fraction) of IF and DP steel samples at differ-
ent strain paths. The standard deviation in the damage measurement is
∼0.02%.

Material Stage Strain Ratio, β Void area fraction (%)
UAT PST BAT UAT PST BAT

IF
up to FLC -0.45 -0.07 0.86 0 0 0

from FLC to FrLC -0.16 -0.03 0 0.13 0.09 0.09

DP
up to FLC -0.35 0.10 0.91 0.21 0.27 1.09

from FLC to FrLC -0.09 0 -0.01 0.23 0.20 0.04
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Figure 2.6: Strain paths leading towards the FLC (dashed line) of (a) IF steel and (b)
DP steel specimens

The SEM micrographs at this early stage reveals the elongation of the originally
equiaxed ferritic grains in IF steel specimens (e.g. UAT specimen in Fig. 2.7(a)).
Difference in formability between the soft ferritic matrix and the embedded hard in-
clusions induces early nucleation of microvoids upon deformation (Fig. 2.7(b) and
(c)). However, due to the low number of ”damage sources” (i.e. inclusions), the to-
tal void fraction remains low in all strain paths and its effect on the microstructure
evolution in IF steel is therefore limited. Accordingly, comparing the damage accu-
mulation along different strain paths, no significant difference is observed between
the different IF steel specimens, see Table 2.1. There is, however, a difference in the
morphology of many of the analyzed microvoids: the voids nucleated in the uniaxial
strain path (e.g., Fig. 2.7(b)) have less sharp tips compared to those nucleated in bi-
axial strain path (e.g., Fig. 2.7(c)). This is attributed to the positive minor strain in the
BAT path, which drives the enlargement of the nucleated voids in the plane, form-
ing penny-shaped voids, which are ”thinner” than those nucleated in the uniaxial
regime.

In the DP sheets, deformation is governed by the flow of the ferritic grains, similar to
IF steel. The hard martensite phase covering the ferritic grains only constraints the
ferritic deformation, while its own deformation remains primarily elastic(Fig. 2.8).
The difference in flow characteristics of these two phases, along with the higher in-
clusion density, activates some fundamentally different damage mechanisms, result-
ing in significantly more damage evolution compared to IF, as tabulated in Table 2.1
and shown in Fig. 2.9 (a). Based on extensive fractographic analysis these damage
mechanisms were identified as particle-matrix decohesion, particle cracking, marten-
site fracture, and grain boundary decohesion, see Fig. 2.9 (b) to (f). For these samples,
microvoid accumulation is observed throughout the entire cross sections, however,
damage accumulation is slightly higher towards the center of each sample, probably
due to the slightly higher stress triaxiality in the center. Also, there is a significant
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Figure 2.7: (a) The microstructure of the IF steel prior to localization (Loading direc-
tion (LD) indicated with the arrow.). (b) Void growth from aluminium ox-
ide particle in IF steel in UAT strain path. (c) Void growth from titanium
nitride particle in IF steel in the BAT strain path.

difference between the amount of damage accumulation in different strain paths al-
ready prior to localization. Near the point of necking, the area fraction of nucleated
voids is more than five times larger in the biaxial-strained specimen compared to the
uniaxial-strained specimen (Table 2.1). Evidently, the identified damage mechanisms
for DP are more active under biaxial stress condition, as a result of the higher stress
triaxiality.

2.3.2 Localization

As the strain levels increase, the deformation starts to localize near the specimen
center (see, e.g., the 95% profiles in Fig. 2.5). The points of localized necking, deter-
mining the FLC’s, for the tested steels are shown in Fig. 2.6.

The obtained FLC’s reflect their typical ’v’-shape, i.e. the level of major strain at
which localization takes place depends strongly on the strain path that is followed
(Fig. 2.10). Since the IF steel develops only a negligible microvoid fraction prior
to necking, the FLC is not affected by damage evolution. The v-shape of the FLC
logically reveals easier necking in the PST strain path, since necking requires plane
strain path to develop [32]. In the UAT and BAT strain paths, however, different
constraints delay localization. In the UAT path, the negative minor (in-plane) strain
is effectively reducing the thinning of the sheet (in thickness direction) with increas-
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emajor=3% emajor=35% UAT

Figure 2.8: The martensite phase surrounding the ferrite grains hardly deforms and
therefore constraints the deformation of ferrite. The micrographs show
snapshots of the microstructure deformation in UAT, at low (left) and high
(right) strain levels. The loading direction is indicated with the white ar-
row.

UATUAT

UAT

PSTBAT

BAT

Figure 2.9: (a) Damage evolution in DP steel before strain localization: Void nucle-
ation and growth is observed through the mechanisms of (b) particle-
matrix decohesion, (c,d) particle cracking, (e) martensite fracture and (f)
phase boundary decohesion.
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ing major strain, giving rise to a FLC value with higher major strains. Along the BAT
path, on the other hand, plastic incompressibility is expected to trigger early localiza-
tion. However, Marciniak et al. argued that under biaxial straining conditions there
are geometrical constraints inhibiting the localization zone to reach the plane-strain
path, necessary for the neck to grow. This effectively delays localization, causing
extensive thinning in the equi-biaxial path compared to UAT and PST specimens.
Scaled thicknesses of these samples at localization is depicted in (Fig. 2.11).
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Figure 2.10: FLC’s of IF and DP steels
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Figure 2.11: The thickness of the thinnest cross section of IF and DP specimens at
different stages of deformation, and in different strain paths.

As explained earlier, DP specimens develop significant damage evolution prior to
the point of localization. It is therefore reasonable to expect that damage itself trig-
gers local softening leading to localization in this material. Correspondingly, the FLC
of DP, which has a similar v-shape, reflects lower major strains compared to the FLC
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of IF steel (Fig. 2.6(b)) for almost all strain paths. Only towards the equi-biaxial
path, the FLC’s of DP and IF steels approach each other (Fig. 2.10). This can be
explained by a more pronounced geometrical constraint to reach plane strain condi-
tion (see above) for DP compared to IF steel. That is to say that since the ability to
reach a plane strain state in the necking zone depends highly on the deformability of
the phases that constitute its microstructure, the martensite surrounding the ferrite
grains limits the deformation of ferrite thereby enhancing the aforementioned geo-
metrical constraint. As a result, for DP more additional thinning is observed in the
BAT strain path relative to the UAT and PST paths (Fig. 2.11).

2.3.3 Localized deformation to fracture

Further thinning following the formation of a localized neck eventually leads to frac-
ture. In the case of the IF steel, a nearly vertical path is traced from the FLC to the
FrLC for positive minor strains, as seen from the strain paths in Fig. 2.12(a) and
tabulated strain ratios in Table 2.1. The neck is constrained in the minor strain di-
rection (along its axis), yielding a plane-strain state in the neck and thus a vertical
strain path. For the negative minor strains, however, the strain paths between FLC
and FrLC are only partially bend towards a vertical path. This seems to be caused by
the decrease in constraint of the neck in the minor direction with decreasing width
of the Nakazima strips. However, these paths also do not continue along the same
slope as that of the pre-FLC path either, as the constraint to deformation in the (in-
plane) minor direction should be higher inside the localized neck (above the FLC)
than in the whole specimen during homogeneous deformation (below the FLC). The
non-zero negative minor strain results in a longer path from the FLC to the FrLC for
the uniaxial strain path specimens compared to the other specimens. Consecutively,
examining the cross sections of the IF specimens, a clearly longer neck is observed
in the uniaxial strain path compared to other strain paths, confirming the relatively
higher accumulated major strain in this path (Fig. 2.13(a)).

Let us now concentrate on damage mechanisms in IF steel samples. As mentioned
earlier there is no damage evolution in IF steel prior to localization, however fol-
lowing necking, a limited amount of damage accumulates locally near the fracture
surface in all strain paths (e.g. Fig. 2.13(b)). For the UAT specimen, it is mentioned
above that the material is more ’formable’ in the major strain direction, as a result of
the less stringent constraints exerted on the localized neck in the minor strain direc-
tion. This results in a significantly higher degree of damage accumulation in the uni-
axial strain path compared to plane strain or the biaxial strain paths (Table 2.1). More
microvoids are nucleated and the nucleated microvoids grow to a larger size before a
critical void size and density is reached at which fracture occurs. In the biaxial strain
path, as shown above, the sheet goes through excessive thinning prior to the for-
mation of the localized neck (Fig. 2.11), during which voids with relatively sharper
morphologies are nucleated (Fig. 2.7(c)). As a result, beyond the point of necking,
the critical size of voids at fracture is relatively smaller compared to uniaxial strain
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Figure 2.12: Strain paths leading towards the FrLC of (a) IF steel and (b) DP steel
specimens.

UAT BAT(a)

(b)

Figure 2.13: (a) Cross section of the localized neck in IF steel in UAT and BAT strain
paths (The length of half localized neck is shown with the white marker),
(b) Damage evolution in UAT and BAT strain paths.

path, while the spacing of the voids is relatively larger. On a more general note it
should also be mentioned that the thickness at fracture is almost independent of the
strain path followed, although localization occurs at significantly different thickness
strains (Fig. 2.11).

Let us now concentrate on DP. Examining the strain paths in Fig. 2.12 and the tabu-
lated strain ratios in Table 2.1, it is apparent that all strain paths turn to a plane strain
path from FLC onwards for positive minor strains. However, again the UAT strain
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path does not completely turn to the plane strain stress state inside the neck. But the
effect described above for UAT in IF steel is relatively more pronounced for DP steel,
probably due to the constraints exerted on the ferrite grains by the martensite phase.

Unlike IF steel, fracture occurs without significant thinning beyond localization in all
DP steel samples (Fig. 2.11). This is understandably due to the significant amount
of damage accumulation prior to localization, tabulated in Table 2.1. However, the
influence of damage is observed to be different in different strain paths. For positive
minor strains and especially in the equi-biaxial tension path, the FrLC is closer to the
FLC (Fig. 2.12). Comparing the overall damage density in the analyzed micrographs,
it is observed that damage accumulation is more pronounced in biaxial deformation
compared to uniaxial tension (Fig. 2.14 (b)), although only a very small portion of
this damage is accumulated after necking. Apparently, in the BAT strain path a criti-
cal damage is already reached at the point of localization, leading to failure without
significant thinning or damage evolution following localization, consistent with the
reduced distance between the FLC and the FrLC at that point. The relatively small
length of the localization zone in the biaxial strain path specimen (Fig. 2.14 (a)) and
the homogeneous damage distribution in this local neck (compared to the damage
accumulation that is increasing towards the fracture surface in UAT and PST speci-
mens ((Fig. 2.14 (b))) both agree with this analysis.

In the uniaxial strain path, on the other hand, fracture apparently occurs only at a
somewhat higher damage density, causing a build up of damage towards the crack,
consistent with the larger distance between FLC and FrLC and the measured dam-
age values in Table 2.1. These observations are in accordance with the effect of the
negative minor strain in the uniaxial strain delaying fracture even after the formation
of the localized neck.

2.3.4 Fracture

Evidently, localized deformation of sheet metal ends in fracture. The observation of
the fracture surfaces of the tested specimens at different scales completes the analysis
carried out above. It should be stated, however, that the crack initiation triggers
complex strain states that cannot be correlated to the strain path before fracture, in
a straightforward manner. Nevertheless, this analysis has significant added-value,
as many researchers use fractography as their main source of information for failure
analysis.

Macroscopic fracture examination of the IF and DP sheets deformed along differ-
ent strain paths reveals that, apart from the IF - UAT specimens, all specimens fail
with a macroscopic crack running perpendicular to the direction of major strain (Fig.
2.15(b)). For IF - UAT specimen, localization through in-plane shear bands is ob-
served, which triggers the final macroscopic crack fracturing the sheet.

Even when the in-plane fracture path is similar, through-thickness fracture may still
proceed in different ways, e.g. cup-and-cone, through-thickness shear fracture etc.
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Figure 2.14: (a) Cross section of the localized neck in DP steel in UAT and BAT strain
paths (The length of the half localized neck is shown with the white
marker), (b) High magnification images of the same specimens showing
damage evolution in UAT and BAT strain paths.

Figure 2.15: Fracture of the uniaxial strain path specimens of (a) IF steel and (b) DP
steel.

For both the IF and DP sheet (Fig. 2.13 and 2.14), the final fracture predominantly
occurs via a through-thickness shear fracture mechanism. However, a detailed exam-
ination of the fracture surface reveals that alternating regions of either cup-and-cone
fracture or through-thickness shear fracture mechanisms can be identified, see e.g.,
Fig. 2.16 for the plane strain IF specimen. Micro-analysis of crack propagation (e.g.
through the distortion of dimples) reveals that the fracture always initiates through a
cup-and-cone crack which makes a transition to through-thickness shearing at some
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point after the crack starts propagating in the minor strain direction. In the shear frac-
ture zone the crack starts at the top or bottom of the specimen, where damage has
already nucleated and weakened the material, and the crack propagates by shearing
of the two specimen sides from each other.

Fig. 2.16 also clearly shows microvoid accumulation in the center of the cup-and-
cone structure, but not in the shear fracture zone. These void-free surfaces could be
a result of the smearing effect of the two surfaces as the fracture proceeds (as also
reported by [33]), or of extensive shearing of the voids3.

shear shearcup

Figure 2.16: (a) The fracture surface of the PST specimen of IF steel (viewed from
direction 2).(b) High magnification micrograph showing both the cup-
and cone and the through-thickness shearing sites.

The examination of the fracture surface of the IF steel reveals two interesting points.
First, there are two groups of dimples in the fracture surface as shown in Fig. 2.17(a).
The first group of these dimples are large (10 – 20 micrometers) with visible inclu-
sions inside and the second group of dimples are smaller (2 micrometers or below)
without any inclusions inside. Second, for IF steel, the BAT specimen has an almost
dimple-free surface as shown in Fig. 2.17(b). This is consistent with the observation
made from the cross section images in Fig. 2.13 for IF steel, where a lower number of
voids were revealed in biaxial strain path specimens.

The DP steel shows a through-thickness shear fracture in all strain paths (Fig. 2.18
(a). Unlike the IF steel, the fracture surface is completely filled with dimples (Fig.
2.18 (b)), emphasizing the effect of damage in the prior deformation. However, com-
pared to the IF specimens the average size of the voids in the fracture surface of
DP specimens is smaller (∼3 micrometers). This is essentially due to the fact that IF
steel is more formable around the voids. Consequently in DP steel, once the material

3Note that the co-existence of different fracture-induced morphologies and the reported smearing
effect complicates any analysis of the failure mechanism that leads to fracture. Our observations
show that it is possible to have two contradictory SEM images from the same fracture surface, one
completely filled with dimples and the other without any dimples. It is therefore more objective to
also examine cross sections in such specimens, even though many researchers prefer otherwise.
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Figure 2.17: (a) Different sizes of dimples in the fracture surface of IF steel specimens.
(b) Fracture surface of the IF steel specimen deformed in the biaxial strain
path.

reaches the point of fracture, the high concentration of voids and the low formable
character of the microstructure induced premature rupture without any significant
smearing effects.

Figure 2.18: (a) Fracture surface of the DP steel specimen (uniaxial). (b) Dimples ob-
served in the fracture surface shown in (a).

2.4 Conclusions

From the detailed analysis presented above, the following generalized conclusions
can be drawn regarding the influence of ductile damage on sheet metal forming lim-
its:

For formable, homogeneous microstructures (i.e. microstructures with few damage
mechanisms):

i) Damage does not play a role before (or on) localization, but only beyond localiza-
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tion.

ii) Aforementioned influence of damage is more ”critical” in strain paths with posi-
tive minor strains (e.g. equi-biaxial strain path), as geometrical constraints delaying
localization causes excessive thinning and the sharp, elongated morphology of the
nucleated voids cause higher stress concentration.

iii) Along strain paths with negative strain ratio, the negative minor strain effectively
retains the thinning of material (even after localization), making it more damage and
fracture resistant.

On the other hand, for microstructures with phases of different deformation charac-
teristics (i.e. microstructures with easily activated damage mechanisms):

i) Damage plays a significant role on localization, and on fracture.

ii) Damage accumulation takes place even before localization, and possibly leads to
inhomogeneities in local softening triggering localization, causing relatively lower
forming limits (e.g. either FLC or FrLC).

iii) As significant amounts of damage accumulates prior to localization, beyond the
point of localization these metals are sensitive to fracture, and fail without significant
further thinning. Consecutively, fracture limit curves of these materials are very close
to their forming limit curves.

iv) The overall damage accumulation is observed to be significantly higher in the
strain paths with positive minor strains, already prior to localization, causing a
higher fracture sensitivity upon necking.

In light of these findings, important suggestions can be made for improving the
applicability of AHSS’s in industrial applications. For example, FLC of these new
steels can be increased to higher strains by somehow inhibiting the damage micro-
mechanisms that are active before localization. Also, formability loss in these mate-
rials can be diminished by preventing the hard phase (e.g. martensite in DP steel) to
completely cover the circumference of the soft parts (e.g. ferrite in DP steel), although
this comes easily at expense of the yield strength when the martensite morphology
is not controlled perfectly and becomes too open.
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CHAPTER THREE

Multi-axial Deformation Setup for

Microscopic Testing of Sheet Metal to

Fracture1

Abstract

While the industrial interest in sheet metal with improved specific-properties led to
the design of advanced alloys (e.g. DP, TRIP, TWIP steels) with complex microstruc-
tures, predicting their safe forming limits and understanding their microstructural
deformation mechanisms remain as significant industrial and scientific challenges.
The main underlying cause of these challenges is the inadequacy of the existing ex-
perimental tools. The investigation of the strain-path dependent failure mechanisms
of the new alloys requires miniaturized testing equipment, which can be placed in a
scanning electron microscope to carry out in-situ experiments. Up to now, such tests
can only be carried out in a single strain path (uniaxial tension). In this work, in order
to fill this gap a miniaturized Marciniak test setup is designed, built and tested. With
the new setup real-time, multi-axial tests of industrial sheet metal can be carried out
up to the point of fracture within a scanning electron microscope. Proof-of principle
experiments demonstrate that a realm of information can be obtained, which can be
used to enhance the understanding of the mechanical behavior of these advanced
alloys.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, E.C.A. Dekkers, M.G.D. Geers, Multi-axial Defor-
mation Setup for Microscopic Testing of Sheet Metal to Fracture, Submitted, (2010).
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3.1 Introduction

There is a growing scientific and industrial interest in the development of sheet metal
with improved specific-properties, governed primarily by the weight-reduction mo-
tivations in the automotive industry [4]. Whereas related metallurgical research
has lead to new alloys with complex microstructures (e.g. transformation induced
plasticity steels, twinning induced plasticity steels, dual-phase (DP) steels, magne-
sium alloys, aluminium alloys, etc.), it also triggered two main challenges regarding
proper character of the mechanical behavior of these alloys:

(i) Experimental (or numerical) determination of the forming and fracture limits (e.g.
tensile instability, ductile fracture, shear fracture) of these new alloys in different
stress and strain states,

(ii) Understanding the underlying micromechanisms that dictate the observed global
material behavior and its accompanying failure mechanisms.

Although the literature has seen extensive amount of research on both aspects sep-
arately, the connection in between is only rarely established, e.g., to link the strain
path dependent forming limits to the underlying microstructural deformation mech-
anisms [34, 35]. The major cause of this gap in the literature is the limitations of
the commonly available experimental methodologies, i.e. macro-scale mechanical
deformation tests for measuring forming limits and post-mortem fractography anal-
yses for revealing microstructural-deformation mechanisms. Although these tech-
niques have provided clear insight in the behavior of metal microstructures over the
past century, thorough understanding of the deformation mechanisms in the com-
plex microstructures of the aforementioned new alloys requires real-time analysis of
microstructural deformation mechanisms. Therefore, recent studies employ minia-
turized tensile testing equipment inside scanning electron microscopes, e.g., to in-
vestigate the influence of tempering [36] or segregation-induced banding [37] in DP
steels. These studies clearly demonstrate the benefits of real-time microstructural
analysis. In fact, a mechanical-microscopical approach makes it possible to address
both challenges stated above simultaneously, by high-resolution real-time imaging
enabling the investigation of the underlying deformation mechanisms and subse-
quent micrographic digital image correlation to enable determination of deformation
limits even locally.

On the other hand, commonly used sheet metal forming processes almost always im-
pose complex strain paths to the sheet being formed, making it unrealistic to analyze
the strain path dependent behavior (and failure) of the sheet definitively through
tests along a single strain path only (i.e. standard uniaxial tension test). Realisti-
cally, a full understanding of this path dependency requires in-situ examination of
the deformation-induced microstructure evolution in all relevant strain paths. How-
ever, this was so far not possible due to the absence of a setup that allows in-situ
multi-axial testing of sheet metal up to the point of failure. This paper presents a
miniaturized Marciniak test setup that is dedicated for this purpose. In the following
sections, first the choice for the Marciniak deformation concept is motivated through
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a critical comparison between possible candidates. Next, the challenges related to
the miniaturization of the Marciniak setup to enable real-time in-situ scanning elec-
tron microscope (SEM) visualization are explained, and the resulting final design is
presented. The paper is finalized with results from proof-of-principle experiments.

3.2 Critical Analysis of Multi-axial Testing Setups for

Miniaturization

Several multi-axial testings setups have been developed to study deformation of
sheet metal, e.g. bulge pressure tests [38, 39], hemi-spherical punch (i.e. Nakaz-
ima) tests [19, 34], cruciform tests [40–42], flat punch (i.e. Marciniak) tests [32, 43],
multiaxial compression tests [44, 45], electromagnetic forming tests [46, 47] (Fig. 3.1).

Bulge Test

s1
s1

s2

s2

s1
s1

s2

s2

Hemisphere Punch Test

s1
s1

s2

s2

s1
s1

s2

s2

Cruciform Test

Flat Punch Test

s1
s1

s2

s2

Compression Test Electromagnetic  Testing

(a) (b) (c)

(d) (e) (f)
s1

s1

s2

s2

Figure 3.1: Commonly used methodologies for applying multi-axial loading, illus-
trated here for the case of biaxial tension testing: (a) bulge test, (b) Nakaz-
ima test, (c) cruciform test, (d) Marciniak test, and (e) electro-magnetic test

Each of these techniques have specific strengths and weaknesses regarding the de-
gree of the control of the stress state, the quality of information provided, practical-
ity, etc. The minimum requirement for any methodology for real-time mechanical-
microstructural characterization of multi-axial deformation in a miniaturized config-
uration, is to:

• avoid constraining the physical deformation and failure mechanisms of the
sheet being tested (i.e. to allow characterization of ”true” microstructural
mechanisms),

• operate (safely) within the vacuum chamber of a SEM to allow for in-situ visu-
alization and local strain mapping,
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• produce the required level of load and displacement (i.e. to reach sheet metal
failure).

Commonly used methodologies such as the compression test and the hemi-sphere
punch test exert the required force through direct contact with the test piece. This
makes the observed material behavior heavily dependent on the degree of friction,
however, the level of its influence is difficult to assess in small-scale tests. For in-
stance, finite element simulations2 show that the location of fracture in the hemi-
sphere punch test is directly related to the level of friction between the punch and
the sheet metal being pressed (Fig. 3.2(a)). Similar concerns hold for the compres-
sion test, for which a direct view of observation in SEM is also not possible. For
the hemi-sphere punch test the imposed strain path is further complicated due to
the existence of a bending component, which increases with the miniaturization of
the punch (Fig. 3.2(b)). As a result of these complications, characterization of the
microstructural mechanisms using the hemi-sphere punch test and the compression
test is not trivially possible.

Contact related problems are not an issue for bulge tests, electromagnetic forming
tests or cruciform tests. However, for the former two cases, operation within SEM
is not possible, due to the required fluid pressure (that is released upon sheet metal
fracture) and strong magnetic field, respectively. The cruciform test, on the other
hand, is an interesting candidate for miniaturization, since (at first glance) there
seems to be no direct influence of boundary conditions on the region of interest (i.e.
center of the cruciform). However, finite element simulations revealed that reaching
high levels of deformation in the center of the cruciform is not possible, unless the
thickness in the center is significantly reduced to a bowl-profile (Fig 3.3(a)). It was
reported earlier that such a thickness reduced geometry may be manufactured by
electro-discharge machining (or electro-chemical machining), ensuring that the fail-
ure is forced to occur at the center (Fig 3.3(b)) [40]. Unfortunately, it is well-known
that industrial sheet metals have a non-homogeneous microstructure distribution
along the thickness direction. Removing layers from top and bottom of the sheet ren-
der the probed microstructure not representative anymore for the as-received sheet
metal. Furthermore, it is questionable whether the real material failure behavior is
properly probed, since the center of the bowl, with the smallest thickness, is forced to
fracture first (Note that in case of a bowl with a flat base, the fracture always occurs
at the edge of the flat base, see Fig 3.3(a). Due to these reasons, the cruciform test
is also regarded as unsuited for investigating large deformation induced macro and
microstructural phenomena in sheet metal.

Finally, in the Marciniak test (Fig. 3.4), the load is transferred from a flat punch to
the specimen via a so-called ’washer’ plate, which has an opening window in the

2All simulations are modelled with an isotropic elasto-plastic material model of high-quality deep-
drawing steel, for which the elastic and plastic material properties are determined from standard ten-
sile tests. The sheet is modeled using solid axisymmetric elements, a four node quadrilateral element
with bilinear interpolation, while the punch and the two clamps are modeled as rigid bodies. For
friction the coulomb model is used, and the coefficients of friction are varied between 0 and 1.
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Figure 3.2: Finite element simulations of the hemi-sphere punch tests demonstrate
the challenges in miniaturization: (a) friction strongly influences the strain
distribution and failure, such that increasing friction causes highest strains
away from the top of the punch. (b) miniaturization of the punch de-
creases stress and strain homogeneity along the thickness direction. Note
the punch, which has been omitted from the graphs for clarity, comes in
from left to right. Only half of the sheet is simulated.

middle under the region of interest (hence, there are no friction effects in this gauge
region). Both the sheet and the washer are drawn simultaneously, the latter at a
larger velocity due to the opening in the center. The resulting relative velocity creates
friction forces on the tested sample in the opposite direction of those that occur in a
normal deep-drawing experiment (i.e. without a washer). This friction force limits
the level of deformation of the regions where there is contact between the washer
and the sheet and, as shown by the finite element simulation in Fig. 3.4, allows the
largest deformation (and failure) to occur at the center (where there is no contact)
making the test fundamentally different from a standard punch test. As a result
of the absence of contact a true in-plane deformation occurs and inhomogeneous
material deformation is not artificially enforced. Accordingly, this test is perfectly
suitable for characterizing microstructural mechanisms and, therefore, regained a lot
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Figure 3.3: (a) Finite element simulations show that the highest stresses can only be
obtained at the center, if the thickness is reduced in a bowl profile. Note
that the material model used is the same as in Fig. 3.2. Further details
on these simulations are given in [40]. (b) Experiments carried out using
a home-built biaxial deformation setup verify that the thickness reduced
cruciforms fail in their center, however, only when the thickness in the
bowl is less then ∼20% of that of the as-received sheet.

of interest recently [48–51]. Furthermore, the Marciniak tests can be carried out safely
in SEM (since there is no influence on the working principles of electron microscopy).
All these considerations qualify the Marciniak test as the most suitable candidate
for a in-situ miniaturized multi-axial deformation test, however the challenge lies in
miniaturization.

3.3 Challenges in the Design of a Miniaturized

Marciniak Test Setup

It was observed in preliminary macro-scale Marciniak tests that unwanted failure
modes (see Fig. 3.5, and also [51]) may be triggered under certain experimental set-
tings (e.g. too small punch radius, too small punch corner radius, too small or too
large washer opening radius, too large friction etc.), all affecting the relative drawing
velocity of the washer compared to the tested sheet. Of specific concern for miniatur-
ization is a deep drawing type of failure (Fig. 3.5(b)), which occurs when the reverse
friction effect is insufficient, thereby causing a stress concentration, σedge, at the cor-
ner of the flat punch, exceeding the stress level, σcenter, at the contactless region of the
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Figure 3.4: Finite element simulation of the Marciniak tests reveal that the highest
level of deformation occurs at the center of the tested specimen, if the ex-
perimental parameters shown in the figure (punch radius (rp), punch edge
radius (rpe), washer hole radius (rwh), die edge radius (rde), distance from
die to punch (ddp)) and friction (i.e. between the punch and the washer
(µpw) and between the washer and the sheet (µws)) are optimized. Note
that the material model is the same as in the previous figures, and the
punch comes from below.

specimen center. In order to evaluate the sensitivity of the stress ratio σedge/σcenter to
miniaturization and to provide specifications for the miniaturized Marciniak setup,
finite element simulations of the Marciniak test are carried out, with a range of dif-
ferent geometries (0<rwh<16mm; 0<rpe<25mm; 0 <rp <50mm) and friction settings
(i.e. (µpw) and (µpw) between 0 and 1) (Fig. 3.4) 3.

Figure 3.5: Different failure modes in the Marciniak test investigated on IF steel (for
rp=50mm, rpe=10mm): (a) washer hole initiated failure (washer hole too
large) (b) deep drawing failure (i.e. the reverse friction effect not suffi-
ciently strong) and (c) successful failure triggering a random crack in the
center region.

The simulation results revealed that rpe should be below ∼5mm and that the friction
between the punch and the washer should be as low as possible (µpw<0.2) to keep

3These simulations incorporate the same material model and finite elements as the hemi-sphere
punch test explained above, but with a flat punch and an additional washer sheet with am opening.
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σedge/σcenter to a minimum, while the friction between the washer and the specimen
should be maximized (µws>0.8). Furthermore, the washer hole radius, rwh, also has
a strong influence on the stress ratio, and has to be chosen <∼13mm (to avoid ”cut-
ting” the tested sheet at the corner (Fig. 3.5(a)) yet larger than ∼5mm (to avoid deep
drawing failure at the cup (Fig. 3.5(c))). The most important choice from a minia-
turization perspective is the size of the punch. For rp <∼40mm the stress ratio rises
significantly, which should be avoided in the miniaturized setup. Even though in-
creasing the punch size would ensure failure at the specimen center, a punch larger
than ∼55mm makes it impossible to produce the level of force required (>150kN)
to deform two sheets simultaneously up to fracture within the limited volume of a
scanning electron microscope. A final design parameter is the total stroke, which
needs to be larger than 15mm to be able to reach failure in most sheet metals.

3.4 Design of the Miniaturized Marciniak Test Setup

To manufacture a Marciniak apparatus with a 15mm stroke and a load range of
150kN, a hydraulic press would be the most logical way for the small working vol-
ume available. However, this is obviously not possible in the vacuum environment
of a SEM chamber. An alternative idea consists in using a spindle with a nut, driv-
ing the nut with an electric motor. Yet, the amount of friction consumes too much
torque, making it impossible to select gearbox-motor combination within the maxi-
mum working volume. Even going to 16 small spindle-nut combinations around the
sample does not match up the design requirements within the working volume of
the SEM.

Therefore, an alternative solution is proposed, consisting in the use of a long strong
string wrapped around 36 pulleys in a top plate and 36 pulleys in a bottom plate,
mounted around the sample (Fig. 3.6). The force on the string is amplified by a fac-
tor 72 towards the sample. The string is divided in three parts driving three equally
sized segments with rolls around the sample, providing a linear displacement with-
out rotation between bottom and top plate. The three strings are reeled on a winch
with a 22 mm brushless motor combined with a harmonic drive gearbox. The force
is measured with strain gauges placed on the bottom plate.

3.5 Proof-of-principle Experiments

The capabilities of the miniaturized Marciniak apparatus are demonstrated by in-
situ testing an industrial aluminium 6016 alloy to the point of fracture. Experiments
are carried out in three different strain paths (i.e. uniaxial tension (Fig. 3.7(a), plane
strain tension (Fig. 3.7(b)) and biaxial tension (Fig. 3.7(c)) through the use of spec-
imens of different geometries. In all the tests, the setup operated within the de-
termined working principles, verifying the success of the original design concept.
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Figure 3.6: The components of the miniaturized Marciniak apparatus: (1) the punch;
(2) clamping ring for sample plate and washer, (3) pulley (36 in top plate
and 36 in bottom plate, all journalled in needle bearings for low friction),
(4) bottom plate, (5) top plate, (6) contactless Eddy current displacement
sensor, (7) winch (to reel the three cables

.

Furthermore, fracture is reached in the central (flat) region of the punch, even in the
most difficult case of the biaxial tension path, proving that the critical experimental
parameters (i.e. (rp), (rpe), (rwh), (rde), (ddp)), (µpw) and (µws)) are optimized, and the
miniaturization related challenges in the Marciniak test are successfully overcome.
And finally, the results also underline the benefits of in-situ testing: high resolution
SEM images captured during deformation allow (i) carrying out micrographic digi-
tal image correlation to measure strains at the microstructure level, and (ii) studying
deformation-induced microstructural mechanisms (e.g. damage evolution) from the
obtained SEM image sequences (Fig. 3.7).
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Figure 3.7: Results of the proof-of-principle experiments in (a) uniaxial tension, (b)
plane strain tension and (c) biaxial tension strain paths reveal that an im-
mense amount of data can be obtained using the setup: strain fields at
the point of fracture, strain fields at the microstructure level (using im-
ages from in-situ SEM testing), damage nucleation mechanisms in differ-
ent strain paths.

3.6 Conclusions

In this work a miniaturized test setup was designed, built and tested, that allows
real-time, multi-axial testing of industrial sheet metal within a scanning electron
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microscope. A prior numerical-experimental comparison of existing (macro-scale)
multi-axial testing setups revealed that the Marciniak test concept suits perfectly to
the requirements of miniaturized in-situ testing (e.g. avoiding manipulation of ma-
terial behavior, operating (safely) within a scanning electron microscope, etc.). Next,
miniaturization induced challenges in the Marciniak concept is investigated through
finite element simulations, which led to a number of design guidelines (to avoid
unwanted failure modes) for the miniaturized setup. An original design concept is
developed to meet the determined guidelines within the limited volume of a scan-
ning electron microscope. Proof-of-principle experiments reveal that the developed
miniaturized Marciniak setup operates successfully within the design specifications,
allowing a realm of information (e.g. high resolution SEM images of different stages
of deformation, strain field at microstructure level, etc.) to be obtained.
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CHAPTER FOUR

Microstructural Banding Effects

Clarified Through Micrographic

Digital Image Correlation 1

Abstract

Microstructural banding is commonly observed in commercial steels, but its effect on
the global mechanical properties is still disputed in literature. This letter investigates
the influence of band morphology and banding phase properties from tensile tests for
two limit cases (continuous hard band vs. discontinuous softer band), analyzed from
digital image correlation of in-situ electron microscopy micrographs. The effect of
band continuity and hardness are elucidated, yielding a clear detrimental influence
especially for hard bands with a continuous morphology.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, M.G.D. Geers, Microstructural Banding Effects
Clarified Through Micrographic Digital Image Correlation, Scripta Materialia, Accepted, (2010).
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4.1 Introduction

Nearly a century ago, researchers referred to microstructural bands with a rather
intriguing name: ghosts [52, 53]. Although this nomenclature seems surprising at
first, it can be understood upon closer inspection: these bands which typically appear
upon hot working can only be erased with carefully designed heat treatments, only
to mysteriously re-appear upon heating [54] or deformation [55].

In the following decades, intense research has elucidated the formation mechanisms
of these bands2. Despite this qualitative understanding, the processing routes to
completely avoid the formation of bands [57–59] or to permanently remove formed
bands [60, 61] may not be economically feasible for all cases [55], or in some cases
become thermo-dynamically impossible [62]. Yet, the band morphology (thickness,
continuity, geometry etc.) depends on heat treatment [57] and deformation pro-
cesses [56], and thus can be modified within economically feasible limits to remove
detrimental effects of the band. Such an approach calls for clear understanding of the
influence of band properties on the global mechanical behavior, which is currently
unavailable. While a consensus is reached on the detrimental effects on the fracture
toughness, (with small effects on yield or tensile strengths), contradictory results ex-
ist for the ductility, varying from no influence [63], a slight influence [55, 64], to a
significant influence [60, 65]. Even advantageous effects of microstructural banding
were reported, e.g., increase in fatigue life [66].

This apparent inconsistency in the literature essentially results from the experimen-
tal methodology commonly employed. The influence of banding on mechanical
properties is typically investigated by comparing the global material behavior of
a banded microstructure with an unbanded microstructure (e.g., [55, 60, 63–65, 67].
The unbanded material is generally produced by a homogenizing heat treatment
from the banded material, although different starting materials have also been used
(e.g., [60,65,67]). However, as emphasized by some authors [65], the exclusive influ-
ence of banding can only be elucidated by keeping other microstructural parameters
(e.g. composition, phase fractions, grain size, inclusion morphology, etc.) unaltered.
In this respect, it was pointed out that homogenizing heat treatments also change
the morphology of inclusions, thereby changing the mechanical behavior [55, 63].
This illustrates the complex relation between the microstructure and the mechanical
behavior in banded materials, even for carefully designed heat treatments [65].

Another explanation for the above-mentioned inconsistency in the literature emerges
from the difference in the banded-phase and/or band morphologies in the stud-
ied microstructures. Banded structures occur in many types of steels (e.g.,

2For example for ferritic-pearlitic bands, certain alloying elements pre-segregate in the dendritic
arms upon solidification, and align (almost perfectly, for still unclear reasons) upon hot working. The
segregation causes either a higher or lower shift in the diffusion rate of carbon in austenite, leading
to, respectively, a higher or lower carbon content around the aligned segregated elements. A higher
carbon content lowers the ferrite nucleation start temperature, and vice verse, thereby yielding the
final banded microstructure at room temperature [56].
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ferritic-bainitic, ferritic-martensitic, pearlitic-bainitic, pearlitic-martensitic, bainitic-
martensitic [56]) and the obvious difference in the mechanical properties of these
phases lead to a different net effect of the band. Therefore a general understanding
of the main influence of banding cannot be acquired by examining a single case of
banded microstructure.

To overcome the aforementioned difficulties, we carry out an in-situ, local analy-
sis of the deformation of two distinct banded microstructures, coupled with micro-
scale strain field measurements. The behavior of the banded phase is compared with
unbanded regions in the same microstructure, avoiding undesired variations intro-
duced by band-removing heat treatments. In-situ microstructural analyses also pro-
vide improved insight in the underlying deformation mechanisms, which govern
the global mechanical response. Furthermore, to probe the influence of the banded
phase and its morphology, the local mechanical behavior of two carefully-chosen
limit cases of banded microstructures are compared in detail: a microstructure con-
taining a continuous, hard band (the martensitic-ferritic system) and a microstruc-
ture containing non-continuous, softer bands (the pearlitic-ferritic system), whereby
both microstructures are processed from the same starting material for optimal com-
parison. The obtained information yields in-depth mechanistic understanding of the
effect of band morphology, providing general recommendations for industry to fine-
tune steel processing parameters, accordingly.

4.2 Experimental Methodology

For the martensitic-ferritic banded microstructure, a dual-phase steel (DP600) is cho-
sen, which is composed of ferritic grains surrounded by martensitic islands at the
ferritic grain boundaries (Fig.4.1). A 5µm thick martensitic band is observed in the
center of the 1 mm thick sheet3. Tensile test samples are cut with electro-discharge
machining, and the cross sections are metallographically prepared using successive
grinding and mechanical polishing steps, followed by electropolishing and etching
with 2 vol.% nital solution. This protocol gives optimal contrast, i.e. the best subset
tracking, for the digital image correlation (DIC). The ferritic-pearlitic banded mate-
rial is produced by austenizing the DP600 (at 1000 ◦C) followed by furnace cooling
to room temperature. A morphologically comparable microstructure is obtained, but
with pearlite replacing the martensite (Fig. 3a), i.e. with the non-continuous pearlite
band replacing the continuous martensite band.

Intermittent tensile tests of these materials are carried out using a Kammrath-Weiss
micro-tensile stage, placed in a FEI Quanta 600 scanning electron microscope (SEM).
High resolution, low magnification micrographs are obtained in secondary electron
mode at successive stages of deformation ( △ǫglobal ≈ 0.03%). The gray value his-
tograms of the obtained images were adjusted for maximum overlap, and regions

3A detailed description of the microstructure is provided in [34].
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of interest are chosen for local strain field analysis (using Aramis software, GOM
GmbH.). The subset size and spacing were carefully chosen in order to realize the
best trade-off between spatial and strain resolution. Good image correlations were
generally achieved, although a few subsets are inevitably lost as a result of severe
surface roughening, specifically at large deformations in the ferrite grains.

4.3 Results and Discussion

The analysis starts by examining the deformation-induced morphological changes
in the DP steel microstructure (Fig.4.1). Note that the global stress-strain response is
also provided in the insets.

Figure 4.1: Typical example of the deformation of DP steel: SEM images (left) and von
Mises effective strain field overlays (right) at four different stages of defor-
mation. The global mechanical response is also shown in the insets (true
stress (MPa) vs. DIC averaged strain). The rolling direction, i.e. the testing
direction, is shown in subplot (a). White arrows indicate void nucleation
sites. Color image online.

Already in the early stages of deformation, the formation of local slip lines within
individual ferritic grains is observed (Fig. 1b). As the deformation proceeds, the
number of slip lines increases, and the strain distribution becomes increasingly het-
erogeneous (Fig. 1c). This heterogeneity is caused by intra-granular formation of
shear bands at approximately 45 degrees to the testing direction. Careful inspection
of higher magnification images reveals that the martensitic grains are acting as ob-
stacles to the propagation of the slip lines, and hence to the plastic deformation of
the ferritic grains. In fact, the local strain fields reveal that the ferrite grains experi-
ence significant plastic deformation, whereas the martensite islands are strained only
elastically at this stage (△ǫglobal ≈ 0.05). In the martensite band, on the other hand,
local regions of high strain are observed at those positions where the martensite band
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is the thinnest, as marked with white arrows in Fig. 1c and 1d. As can be verified
from the micrographs, the martensitic band is severely deformed at these particular
regions up to its fracture strain, leading to void nucleation. From careful examination
of the complete series of strain maps, it becomes clear that the intra-granular shear
band intercepts the martensitic band exactly at these critical locations, making them
the first sites where voids nucleate, while the martensite islands (and the rest of the
martensite band) show hardly any deformation or void formation.

The same trends in the strain distribution within the bands are observed for other
specimens of the same DP steel (Fig.4.2), i.e., the highest local strains are observed in
the narrowest section of the band, leading inevitably to void nucleation at ’hot spots’
in these continuous band morphologies.

Figure 4.2: Void nucleation within the band, shown here for different martensitic
band morphologies, for undeformed state (above) and deformed state (be-
low). Note that the scale is identical to Fig. 1. White arrows indicate the
void nucleation sites. Color image online.

From the observed sequence of micro-events, it is clear that the shear bands are de-
veloped in preferential paths within the microstructure. In order to accommodate
the plasticity of the surrounding ferritic matrix, the martensite in the narrow regions
of the band carries most of the deformation, thereby compensating the lack of de-
formability in the thicker parts of the band. Since martensite has a limited strain-to-
fracture, the resulting high strains inevitably lead to early void nucleation.

These observations also reveal the significant role of the martensite morphology
on the global material behavior, which tends to be even more important than
the martensite volume fraction [68]. Similar to DP microstructures with highly-
connected martensite networks, the martensite bands analyzed here are also forced
to plastically deform at an early stage of deformation, deviating from ”ideal” DP
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steel behavior4, and leading to a decrease in strain-to-fracture.

Let us next concentrate on the deformation-induced microstructure evolution in the
pearlitic-ferritic (PF) steel (with the same overall chemical composition as the DP
steel). A typical example is shown in Figure 3, where the deformation stages of the
resulting PF steel are shown.

Figure 4.3: Typical example of the deformation of PF steel: SEM images (left) and von
Mises effective strain field overlays (right) at four different stages of defor-
mation. The global mechanical response is also shown in the insets (true
stress (MPa) vs. DIC averaged strain). Note that all scales are identical to
those in Fig. 1. The rolling direction, i.e. the testing direction, is shown in
subplot (a). The white arrow in (b) points at the gap in the pearlitic band,
and the white arrow in (d) shows the narrowest section of the pearlitic
band, where the shear band penetrates through the microstructural band.
Color image online.

As seen in the micrographs, the distribution of the pearlite phase in the ferrite-based
microstructure is qualitatively similar to that of martensite in the DP steel. On the
other hand, the global response of the material is significantly different, as seen from
the stress strain inset figures (Fig.4.3). As expected, effectively replacing martensite
with pearlite results in a decrease in strength, whereas the overall ductility improves.
The main point of interest here, however, is the local deformation patterns at the level
of the banded microstructure.

At the first glance, examination of the micrographs and the strain maps at different
stages of deformation reveals similar trends in the deformation as found for DP steel
(Fig.4.1 and Fig.4.2): initially formation of the slip lines in the ferritic grains, localized
deformation at approximately 45 degrees to the testing direction, and the evolution
of the strain distribution from homogeneous to increasingly heterogeneous with in-

4Ideal DP performance is obtained when ferrite deforms purely plastically and martensite deforms
purely elastically [66].
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creasing deformation.

However, more detailed analyses reveals a significant difference at a rather early
stage, see Fig.4.3b. The first shear band initiates at a discontinuity in the pearlitic
band (shown with a white arrow in Fig.4.3b. As confirmed by additional measure-
ments, when the band (morphology) is not continuous, the preferential path for the
shear bands is through the gaps in the band. With further deformation, this shear
band deforms steadily while the rest of the pearlitic band experiences only a lim-
ited amount of deformation (Fig.4.3c). Only at much higher global strain, another
shear band is developed that percolates through the narrowest section of the pearlitic
band (shown with an arrow in Fig.4.3d), in the absence of any void nucleation. This
marked difference in microstructural behavior between DP and PF steels is quanti-
fied in Fig.4.4, which compares the local strain evolution of martensite and pearlite
to the local strain evolution in the ferrite grains outside the band, as a function of
DIC averaged strain.

Figure 4.4: Local strain evolution in martensitic and ferritic grains in DP steel (green),
and pearlitic and ferritic grains in PF steels (red). High and low defor-
mation zones within the bands in each steel are also shown, with square
and circle markers respectively. Martensite cracking is indicated with a X.
Note that the error bars represent the standard deviation of the average
strain in the specific constituent.

First concentrate on the phases outside the band. The strain partitioning between
martensite and ferrite is obviously more pronounced than between pearlite and fer-
rite. For the DP steel, the narrow band sections show high deformations and eventu-
ally cracking to compensate for the relatively low deformation in the wide sections of
the band. Note that the strains in these critical band regions are significantly higher
than even the most severely deforming ferritic grains. For the PF steel, the strain
partitioning is less significant since the pearlite phase well accommodates the ferritic
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deformation. Therefore, the amount of excess deformation of the narrow sections
of the pearlitic band remains relatively limited. Hence, the probed pearlitic band
(which has a large variance in its thickness similar to the martensitic band) experi-
ences no void nucleation at the same level of (global) strain. Even though this ob-
servation is consistent with the larger ductility of pearlite compared to martensite, it
clearly shows that the influence of band morphology on global mechanical behavior
is strongly dependent on the mechanical properties of the banded phase.

4.4 Conclusions

In summary, the obtained reproducible results of the local analysis on two limit cases
of banded structures support the following conclusion for the mechanical behavior
of banded microstructures: The influence of a banded structure on the global prop-
erties (YS, UTS, ductility, etc.) of metals is critically dependent on the morphology of
the band, as well as the mechanical behavior of the phase that composes the band. In
microstructures where there is a continuous microstructural band, shear bands are
forced to develop through the band, therefore they percolate through the narrow-
est section of the band. This forces the banded phase to deform beyond its plastic
limit, especially if there is a significant difference in the ultimate strains of the phases
composing the banded microstructure (e.g. the case of martensitic-ferritic dual phase
steel). For discontinuous microstructural bands, shear bands naturally cross at the
gaps within the band, thereby delaying early damage initiation.

Obviously, the strength of the banded phase also plays an important role, e.g. a con-
tinuous band of a high fracture strength phase may accommodate high local stresses
without damage initiation, whereas a low fracture strength phase may not.

From an industrial point of view, it is obviously complex to eliminate the banded
phase. However, even for cases where complete removal of banding is not economi-
cally feasible, presented results reveal that the detrimental influence of a banded mi-
crostructure can be significantly reduced by altering the morphology of the band in
order to (i) avoid microstructures with continuous bands, and (ii) decrease the thick-
ness variation of the band. For the critical case of reducing the severity of banding
in DP steels, for example, this may be achieved by optimizing the reported critical
production parameters (e.g. rate of cooling during hot rolling, intercritical annealing
temperature, soaking duration, etc. [57–59]) that have a significant influence on the
degree of banding.
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CHAPTER FIVE

A Brittle Fracture Methodology for 3D

Visualization of Ductile Deformation

Micro-Mechanisms 1

Abstract

An improved experimental methodology is developed and successfully evaluated to
visualize deformation induced micro-events in ductile sheet metal. This easy-to-use
methodology consists in a well-controlled brittle separation of samples previously
deformed in a ductile manner, whereby a coupled-analysis of the two fracture sur-
faces permits to re-combine 3D features from the ductile pre-deformation. Obtained
results show a realm of information regarding grain deformations, microvoid nu-
cleation sites and growth mechanisms, and other micro-events induced by ductile
deformation.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, M.G.D. Geers, A Brittle Fracture Methodology for
3D Visualization of Ductile Deformation Micro-Mechanisms, Scripta Materialia, 61(1), 20-23, (2009).
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5 A BRITTLE FRACTURE METHODOLOGY FOR 3D VISUALIZATION OF DUCTILE

DEFORMATION MICRO-MECHANISMS

5.1 Introduction

In 1900, Ewing and Rosenhain [69] stated ”The microscopic study of metals was ini-
tiated by Sorby, and has been pursued by Arnold, Behrens, Charpy, Chernoff, Howe,
Martens, Osmond, Roberts-Austen, Sauveur, Stead, Wedding, Werth, and others”.
About 100 years later, this list would be exponentially longer, revealing the impor-
tance of bridging a metal’s microstructure to its mechanical, chemical and physical
properties. Major part of the progress made can be attributed to the new and steadily
improving multitude of microscopes used to examine these microstructures. Mean-
while, the basic principles of metallographic specimen preparation, i.e. removal of
the material adjacent to the layer of interest have hardly evolved. This leaves a num-
ber of fundamental complications in the analysis of complex micro-phenomena in
modern metals (e.g. advanced high strength steels) unresolved, even though cutting-
edge fully automated material removal systems are nowdays at hand.

These complications originate from the fact that ductile damage micromechanisms
(e.g. void nucleation, growth and coalesence) are masked since they are intrinsically
located inside the metal (i.e. not revealing essential details at the surface). The com-
mon approach in analyzing these micro (and increasingly nano) constituents con-
sists in the advanced use of several experimental techniques (e.g. mechanical pol-
ishing, electro-polishing, etching, etc.) for material removal2. This can be achieved
with acceptable precision with each of the techniques, however, reports in the lit-
erature show that the revealed microstructure is also modified, and in some cases
deformed significantly [71–74]. While mechanical polishing cause subsurface hard-
ening [71–73] and smearing effects [74], electro-polishing and etching processes by
definition round of sharp edges (e.g. edges of the specimen, microvoids etc.), ef-
fectively altering the dimensions of the microstructural features. These adverse ef-
fects are well known in the metallography community, and hence lengthy specimen
preparation protocols are generally designed to reduce surface manipulation effects
to acceptable levels, and carried out in different viewing directions (i.e. in order to
visualize the 3D nature of the microstructure). Such procedures, however, are un-
practical, expensive and not fully conclusive, as it remains experimentally difficult
to assess the influence of deformation, alteration or modification due to a prepara-
tion process. Moreover, regardless of the type of the technique used, the material
that is removed is ”lost”, i.e. no data can be obtained from the removed part of the
examined microstructure.

Many of the problems mentioned above are solved with the development of the fo-
cused ion beam (FIB) technology, which allows 3D analysis of microstructures (and
crystal orientations) with almost no manipulation . However these measurements

2Ductily deformed microstructures can also be visualized without material removal by the use of
radiography techniques (e.g. x-ray tomography, [70]), which allow bulk analysis with high energy
penetrating radiation. However, limitations regarding both practical (e.g. availability, time, costs,
expertise etc.) and technical aspects (e.g. resolution, specimen size etc.) restrict their applicability for
a large class of problems.
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are by no means practical, i.e. in most cases only very limited areas (or volumes) can
be investigated due to time or economic constraints. In the case of ductile deforma-
tion analysis, for example, these limitations make it significantly difficult to get an
overview of the multitude of acting damage mechanisms.

In this short paper, we propose and explore an experimental methodology that over-
comes the above mentioned difficulties, in a simple, fast and cheap but precise man-
ner, allowing the visualization of the 3D microstructure. As a first step, we ”open-
up” fractured tensile test specimens making use of a well-controlled brittle-fracture
separation technique which hardly alter the large deformations and damage traces
left behind by the previous ductile deformation. The advantage of using brittle frac-
ture to open up inner surfaces was recognized before (i.e. for the investigation of
critical void nucleation strains in a C-Mn structural steel [75]), however, this is the
first time that the strength of the concept is demonstrated in all its facets. Upon sep-
aration, the two surfaces are studied by SEM (or with surface profilometry tools) to
reveal the original 3D ductile deformation microstructure by correlating the obser-
vations from both surfaces.

The advantage of brittle fracture approach depends on two critical factors; the control
of the crack path and the absence of plastic deformation upon opening. Controlling
the brittle fracture in a preferential cross section may be challenging due to the nature
of brittle-crack growth . A dedicated setup is developed to trigger the brittle fracture
of, e.g., a previously fractured tensile test specimen (Fig.5.1(b)) in any cross section of
interest. To keep the propagation of the crack fully brittle, specimens are opened-up
under conditions that inhibit ductile deformation [76], i.e. high stress concentrations
and strain rate, and low temperature .

5.2 Experimental Methodology

The experimental procedure starts with a (ductile) mechanical test whereby the spec-
imen is loaded up to complete ductile failure (Fig.5.1(a, b)). For the proof of princi-
ples, uniaxial tension tests are used even though the methodology can be extended
for other test specimens via some minor adjustments. A scratch is made on the sur-
face of one of the fractured parts (Fig.5.1(c)). The location of this scratch can be cho-
sen at any angle to the test direction, depending on the cross section of interest. The
specimen is next placed in clamps specially designed to maximize the stress intensi-
fication in the scratch, and cooled down in a container of liquid nitrogen well below
the ductile-to-brittle transition temperature. The sample is then fractured into two
parts ((Fig. 5.1(d)) by using a conventional charpy-impact test hammer. Microstruc-
ture and topography analyses are carried out simultaneously on both sides of the
brittle-fractured specimen, to visualize the 3D microstructural characteristics of the
previously ductile deformed test sample.

To assess the applicability of the methodology to different microstructures, four dif-
ferent steels are studied: interstitial-free (IF), re-phosphorized interstitial free, dual-
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Figure 5.1: Experimental methodology used on tensile samples. (a) Initial geometry
of tensile test specimen. (b) Fractured specimen. (c) A sharp, ∼10µm.
deep scratch is carved with a razor blade on the fractured sample to se-
lect the cross section of interest. The insert image shows the scratch as
observed in SEM. (d) The specimen is separated into two pieces along the
scratch using the brittle fracture process. Insert image shows the two frac-
tured pieces. (e) SEM images of the obtained morphologies away from the
fracture surface (left) and in the neck (right).

phase and low carbon steel. Three samples from each material are analyzed to the
check reproducibility. In all of the metals investigated, complete brittle-fracture is
achieved and fracture always occurred along the scratch. In this paper, however, fo-
cus is on the analysis for an IF-steel. IF steel is a perfect case study, since it is not
trivial to achieve brittle fracture in such a ductile material. Furthermore, the use
of conventional polishing methodologies for this material lead to significant void
smearing effects (i.e. due to its high ductility), making the visualization of the true
nature of microvoid growth in this material a challenging task.
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5.3 Results and Discussion

Let us start with some general observations regarding the brittle crack propagation.
Interestingly, when the opened surfaces are examined a smooth transition is ob-
served in the brittle fracture mode along the tensile axis, i.e. as a function of the
deformation history. While the brittle crack is dominantly transgranular away from
the neck (i.e. at relatively low local pre-strains), the fracture is dominantly intergran-
ular close to the ductile fracture surface of the tensile test sample (along the elongated
grains in the neck (Fig. 1 (e))). This transition is more pronounced in more formable
steels with (IF, plain carbon steel), compared to less formable steels (DP600, Stainless
Steel, IF-r).

The brittle fracture approach provides a clear visualization of the prior (severely de-
formed) ductile microstructures, as shown in Fig. 2 where SEM images from the neck
regions are compared for different preparation techniques. The conventional strate-
gies, obviously, lead to unrepresentative surface finishes that reveal little microstruc-
tural information. Mechanical polishing (Fig.5.2(a)) provides a nice representation of
the fracture surface morphology (i.e. ”cone”) but smearing effects limit void analy-
ses, and observation of grains or grain boundaries is not possible. Electropolishing
(Fig.5.2(b)) removes smearing effects, whereby more voids are visible, but rounding
effects change the morphology of the cross section and these voids, as well as of the
fracture surface. Grains are poorly visible, making them difficult to analyze. Etching
(Fig.5.2(c)) makes grains somewhat more visible, but voids also are also affected by
etching, or even completely removed. With the brittle-fracture approach (Fig.5.2(d)),
on the other hand, the specimen is separated through the grain boundaries, allow-
ing a clear analysis of elongated grains in three dimensions, while keeping the cross
section and fracture surface morphologies undistorted, to the extent that it can be
checked.

This 3D visualization also allows for a clear analysis of void nucleation sites (e.g.
the microvoids nucleated at grain boundary triple points in Fig.5.3(a)) due to the
unique property of the methodology allowing both surfaces to be available for obser-
vation (Fig.5.3(d)). This is another important advantage of the brittle-fracture based
methodology, i.e. the separation is achieved without any noticeable plastic defor-
mation, leading to true 3D morphologies obtained by assembling the micrographs
of both sides of a grain (Fig.5.3(a)), a microvoid (Fig.5.3(b)) or other microstructural
constituents, either qualitatively (e.g. by SEM observation) or quantitatively (e.g. by
using confocal microscopy or atomic force microscopy). The nearly perfect comple-
mentary nature of the features in both surfaces in Fig.5.3 supports the hypothesis on
the absence of plastic deformation in the separation of these two surfaces, enabling
quantitative (three-dimensional) measurements of single voids or cracks and (area-
averaged) surface fractions of damage. Note that the brittle crack tends to propagate
along the internal surfaces of highest damage concentration, which are of prime im-
portance to the failure of a deforming ductile sheet.

Furthermore, important information about ductile damage evolution and accumula-
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Figure 5.2: Comparison of different specimen preparation methodologies to analyze
ductile deformation. Neck regions of fractured tensile test samples exam-
ined in SEM following (a) mechanical polishing, (b) electro-polishing, (c)
etching and (d) brittle-fracture methodology.

Figure 5.3: Analyses on both complementary brittle-fractured surfaces allow the re-
construction of the true 3D morphology of deformation induced mi-
crostructures. (a) Elongated grains in the neck region of a tensile test
sample, showing void nucleation at grain boundary triple points. (b)
Void growth with deformation leads to the partial coalescence of three
microvoids. Note that both bottom images are flipped vertically.

tion mechanisms can be gathered upon the examination of complementary surfaces.
Such an observation is shown in Fig. 4, which is an SEM image from the neck region
of a ductile fractured tensile test specimen (fracture surface towards right) of an IF
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steel. Note that a portion of the SEM image is highlighted and the high magnifica-
tion insert images show different snapshots of the deformation process leading to
fracture. The figure shows that microvoid nucleation, growth and coalesence take
place at the triple junctions of the elongated grains. Nucleation starts at relatively
lower local strains (i.e. further away from the fracture surface) as seen in Fig.4 (i). At
higher local strains (i.e. closer to the fracture surface) these microvoid grow such that
they begin to ”touch” each other (Fig.4 (ii)). At even higher strains, these microvoids
coalesce to form larger voids (Fig. 4 (iii)) leading to fracture.

Figure 5.4: Void nucleation (i), growth (i-ii) and coalasence (ii-iii) observed together
in one image approaching the neck of a tensile test sample. Insert images
show enlarged views of these steps. Rest of the image is shadowed for
visualization.

5.4 Conclusions

In summary, the proposed brittle fracture based methodology provides significantly
more details needed for microstructure characterization, compared to traditional
techniques. More data can be obtained from a given cross section of interest (which
can be chosen freely), as both separated surfaces can be examined comparatively.
This data presents a significantly higher quality (in the sense that it is more repre-
sentative for the true microstructure) since preparation-induced deformation is pre-
vented. Finally, these achievements are obtained through an economic and practical
methodology that is highly suited for practical and even industrial applications.
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CHAPTER SIX

Comparative Analysis of Damage

Quantification Methodologies 1

Abstract

Continuum damage models require experimentally-determined material specific
damage parameters, for which a wide variety of experimental methodologies follow-
ing different strategies are proposed. However, the critical influence of the method-
ological differences on the measured damage evolution parameter is so far not fully
investigated. This work aims to fill this gap by an in-depth comparison of the most
common and/or promising methodologies (i.e. by considering damage measure-
ment accuracy, precision, damage spectrum, spatial resolution, practicality, etc.), in
an effort to determine the most suitable damage parameter identification strategies
for continuum damage models. Obtained results clearly indicate that methodolo-
gies that quantify ductile damage through its influence on a mechanical property
(such as hardness or elastic modulus) have significantly higher accuracy than dam-
age morphology-based measurement methods that aim to quantify damage geomet-
rically.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, L.C.N. Louws, M.G.D. Geers, Comparative Anal-
ysis of Damage Quantification Methodologies, Submitted, (2010).
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6.1 Introduction

Over the last decades, continuum damage mechanics has proven to be a useful tool-
box for modeling the failure behavior of damage-susceptible materials, e.g. concrete,
fiber-reinforced composites, advanced high steel steels, etc. Accordingly, significant
research has been conducted to allow the implementation of continuum damage
models in industrial operations (e.g. sheet metal forming simulations for dual phase
or transformation-induced plasticity steels) addressing both theoretical [77–79], and
numerical aspects [80–82]. However, continuum damage models also require signif-
icant experimental input: i.e. the evolution of a material specific damage parameter.
The importance of a damage parameter is best illustrated conceptually through the
strain equivalence principle and the effective stress definition, which form the basis
of commonly-used elasticity-based continuum damage models. The strain equiva-
lence principle states that the constitutive relations for undamaged materials can be
used for a damaged material by replacing the stress term with the effective stress,
which is defined as:

σe =
σ

1 − D
. (6.1)

For instance, in Kachanov’s description, the damage parameter represents the sur-
face density of cracks and cavities in the deforming material [83]. For the case of an
isotropic matrix material with homogeneous distribution of voids and cracks, this
refers to:

D =
SD

S
(6.2)

where D is the damage parameter, SD is the total ’damaged’ area (i.e. of voids, cracks,
cavities, etc.) and S is the total area of the surface.

The damage parameter, D, is sensitive to material microstructure and deformation
conditions, and hence, can only be measured experimentally. Many of the exper-
imental techniques used for proving damage parameters for continuum damage
models are proposed in the pioneering work of Lemaitre and Dufailly [84], where
a distinction is made between damage morphology-based damage quantification method-
ologies (which aim for a measurement of the geometry of voids either in a 2D or in
a 3D manner) and material property-based damage quantification methodologies (which
measure D through its effect on physical, often mechanical, properties of the mate-
rial)2. While techniques following both approaches are used commonly in literature

2Note that Lemaitre and Dufailly prefer to name these two groups as ’Direct’ and ’Indirect’ tech-
niques, respectively.
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for damage parameter identification, in most of these papers it is assumed that all
damage effects are successfully quantified by the chosen technique, without verify-
ing the resulting damage parameter by alternative methodologies. The reason lies in
the fact that the influence of the methodological differences in damage definition, ex-
perimental accuracy (resulting from intrinsic systematic errors) and in experimental
precision (resulting from random errors) on the measured damage evolution param-
eter have so far not been investigated in detail. Such an analysis requires the mea-
surement of the damage evolution on the same deformed material, using a number
of distinct representative techniques. This work aims to fill this gap by addressing
the influence of the chosen methodology on the measured damage parameter, in an
effort to determine the most suitable damage parameter identification strategies for
continuum damage models. Evidently, it is an unfeasible task to compare all damage
techniques on all different types of damage (e.g. brittle, ductile, creep, fatigue, etc.)
and for all different types of materials. Therefore the choice is made to:

• Place the focus is on ductile damage in sheet metal, which remains a significant
challenge for newly developed advanced high strength steels;

• Analyze the most common and/or promising damage quantification method-
ologies from each category (i.e. 3D damage morphology-based methods, 2D
damage morphology-based methods, non-mechanical material property-based
methods and mechanical material property-based methods) in a comparative
manner;

• Focus this comparative study to the case of dual phase steel, which is
a industrially-relevant (automotive) steel with many active damage micro-
mechanisms due to its low yield point and different ductilities of martensite
and ferrite phases that compose its microstructure [34, 37].

In the subsequent sections, first the selection of the investigated damage quantifica-
tion methodologies is motivated. Then, the uniaxial tension test to deform the sam-
ple and the post-mortem processing of the deformed samples are explained. Next,
the detailed methodology of each damage quantification technique is presented, and
the obtained results are discussed. Finally, the damage parameters obtained from
all techniques are comparatively analyzed in the discussion chapter, and the conclu-
sions are presented.

6.2 Damage Quantification Methodologies for the

Comparative Analysis

The classification of different ductile damage quantification methodologies are pre-
sented in Fig.6.1. We start by reviewing different damage morphology-based and
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Ductile Damage Quantification

From Damage Morphology From Material Property

Area Fraction (2D)

-Optical Microscopy
-Electron Microscopy
-etc.

Volume Fraction(3D)

-X-ray Micro-tomography
-Acoustic Microscopy
-etc.

Non-mechanical

-Density
-Electrical Potential
-etc.

Mechanical

-Hardness
-Elastic Modulus
-etc.

Figure 6.1: The classification of ductile damage quantification methodologies.

material property-based damage quantification methodologies, to determine the
most suitable candidates from each category for the present comparative analysis.

Damage morphology-based quantification of ductile damage can be carried out in
two ways. Deformation is a 3D process, therefore the ideal approach is to carry
out a 3D measurement of the deformed metal microstructure to determine the ex-
act geometry of the deformation-induced defects, and to extract the volume fraction
of damage [70, 85–88]. A number of different techniques can be applied for this type
of analysis (neutron imaging, scanning acoustic microscopy, thermal imaging, scan-
ning positron microscopy, x-ray tomography, etc.). All of these techniques follow a
similar strategy incorporating a 2D sensor array where every pixel detects a probe
(e.g. photons) that is sensitive to changes in local density, in order to obtain a line-
integrated projection image of the sample with microscopic voids. Obtained pro-
jection images can be further processed to reconstruct a 3D image using computed
tomography (CT). Among these options, X-ray micro-CT tomography is the most
suitable for the current purpose of quantifying ductile damage in sheet metal, due
to its relatively higher resolution (∼1µm), ability to measure many types of damage,
and availability of highly-established computed tomography software. Therefore, x-
ray micro-tomography is chosen as the 3D damage morphology-based quantification
methodology used in this comparative study3.

Damage morphology-based quantification of ductile damage can also be carried out
with 2D surface measurements on the deformed metal to extract the area fraction of
damage as a damage parameter [84,90–92]. A number of surface characterization tech-
niques can be used for this purpose, including optical microscopy, atomic force mi-
croscopy, scanning tunneling microscopy, scanning electron microscopy, etc. Among
these techniques, optical microscopy is the most practical technique, however, the

3Recently, X-ray micro-tomography using synchrotron radiation has received significant interest,
also for ductile damage in metal [70,89]. While it is a scientifically powerful tool, practical difficulties
make it impossible for industrial applications. Here, the choice is made to perform X-ray micro-
tomography using a high-resolution lab-scale equipment, which are now commercially available and
therefore a better candidate for a practical damage quantification tool.
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maximum resolution is intrinsically limited to ≥300nm. Tools such as atomic force
microscopy and scanning tunneling microscopy allow nanometer-scale resolution,
however, the field of view is too limited. Scanning electron microscopy, on the other
hand, combines high resolution with a large field of view, and hence is the most
suitable technique for 2D damage quantification. Accordingly, it is chosen as the 2D
morphology-based quantification methodology used in this comparative study.

Material property-based methodologies for the quantification of damage can be clas-
sified into two groups, depending on the material property that is probed: non-
mechanical methods and mechanical methods. Non-mechanical methods aim to
quantify damage through its effect on a non-mechanical physical property of the
metal, such as the density [93–95], ultrasonic wave attenuation [96, 97] or the electri-
cal resistance [98–100]. The use of the latter two properties to obtain damage evo-
lution is practically difficult in cases where damage is heterogeneously distributed,
e.g. in the localized neck of a tensile bar, whereas for ductile damage it is this region
that needs the most precise measurement. The density measurement methodology,
on the other hand, exploits the direct relation of the density with the void volume
fraction and therefore has been used frequently. Generally, Archimedes’ principle
is the technique used for density measurement in the field of experimental damage
mechanics [93–95]. Two significant measurement sensitivities exist in this strategy.
First, the density of the liquid is changing as a result of temperature variations, and
second, the measurement in a fluid requires a wire to hold the sample and the result-
ing capillary forces will introduce an error. As a result, density kits are only available
for balances with a reproducibility larger than 1 mg. In this study, density mea-
surement is chosen as a non-mechanical material-property based methodology, and
alternative density measurement strategies are investigated to decrease experimental
inaccuracy. Preliminary investigations revealed that, of the three main sources of in-
accuracy for density measurements,i.e. the cutting process, the volume measurement
and the mass measurement, the error introduced due to the former two factors are
far more critical than the error introduced due to mass measurements. However, it is
difficult to assess which of these two steps introduce the largest error. Therefore, two
different sets of rectangular-prism shaped specimens are electro-discharge machined
out of the deformed samples, to test two different strategies. In the first strategy,
the volume measurements are circumvented by electro-discharge machining spec-
imens of equal length, width and thickness out of deformed tensile test samples.
The damage-induced density change is then measured using mass measurements
only. In the second strategy, the total surface area affected by the cutting processed
is minimized, by developing a highly sensitive volume measurement methodology
for small samples. In this new method, a high-resolution 3D surface profilometer is
used to measure the displacement of a liquid surface induced by submersion of a
deformed cube in the liquid. By measuring the liquid surface twice, i.e. before and
after inserting the cube, the volume of the cube can be determined by subtracting
both measurements.

Material property-based quantification of damage can also be carried out by measur-
ing the influence of the deformation-induced damage on the mechanical behavior.
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In earlier works, this was achieved by monitoring the elastic modulus degradation,
which was quantified from the slope of the unloading curve in the stress-strain dia-
gram at different stages of tensile deformation [101, 102]. This approach is severely
limited in resolution especially at regions with high strain gradients, due to the use
of strain gauges. Even when digital image correlation is used to determine the un-
loading strains, it is still challenging to measure the modulus with a few % accuracy.
Additionally, early drops in Young’s Modulus are triggered due to a elasto-plastic
coupling effect [101], which makes the damage-induced drop difficult to distinguish.
A more suitable approach is to resort to a mechanical method with a controlled
high precision displacement, instead of strain, measurement. For this purpose, the
z-resolution of the currently available nano and micro indenters are perfectly suit-
able, and the Oliver-Pharr methodology enables a local measurement of the elastic
modulus from the unloading stiffness during indentation [103]. Furthermore, it is
also proposed that hardness measurements can also be used as a mechanical probe
for ductile damage [84]. Accordingly, the indentation-based damage quantification,
which probes the amount of damage from the degradation of hardness and modulus,
is chosen as the mechanical material property-based methodology used in this study.
It was recently shown that the elastic modulus can also be measured locally through
elastic compression tests on micro-pillars [104]. As a second mechanical technique,
this method is also analyzed in this study.

6.3 Preparation of Damage Analysis Samples

Tensile specimens of dual-phase steel are cut (in rolling direction) by electro-
discharge machining (Fig.6.2a), covered with a speckle pattern and deformed using
a micro-tensile testing stage up to the onset of fracture (Fig.6.2b). Digital images are
captured during deformation with an optical camera, and used afterwards in digital
image correlation analysis to determine the local equivalent strains on the deformed
sample (Fig.6.2c). Following the tensile tests, at least 3 specimens (i.e. 6 specimen
halves) are further processed for damage quantification, to reveal the final geome-
tries shown in (Fig.6.2d-h):

For the volume fraction methodology with x-ray micro-tomography, a pillar of
0.25x0.25mm2 cross sectional area is electro-discharge machined from the center line
of each deformed sample, spanning the whole deformation range (Fig.6.2d). The
machined specimen is glued on a glass rod prior to x-ray image acquisition.

For the area fraction methodology with scanning electron microscopy, central cross
sections of the deformed tensile specimens are inspected using two different sur-
face preparation protocols based on mechanical polishing and electro-polishing
(Fig.6.2e). Each protocol is optimized (through previous test runs and follow-up mi-
croscopic analyses) to reveal the best visualization of the metal microstructure and
limit the smearing (i.e. in case of mechanical polishing) and edge rounding (i.e. in
case of electro-polishing) effects to a minimum.
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Figure 6.2: Comparative analysis of damage quantification methodologies summa-
rized: (a) Dimensions of the tensile test specimens (in mm), (b) Load (in
N)-displacement(in µm) curves resulting from the tensile tests, (c) Local
equivalent strain data obtained from digital image correlation analysis,
and final specimens after cutting (and optional grinding, polishing) for
the (d) volume fraction methodology, (e) area fraction methodology, (f)
density measurement methodology, (g) indentation methodology , and (h)
micropillar compression methodology.

For the density measurements, sub-millimeter sized rectangular prism samples are
to be machined from the deformed tensile test specimens. For the first set of samples,
the density is measured from only mass measurements, whereby the thickness of the
samples is reduced homogeneously (with electro-discharge machining) to the thick-
ness at the neck, prior to cutting of the rectangular prisms. On the other hand, the
width and length of the rectangular prisms are maximized (within reasonable limits)
to reduce the experimental inaccuracy of mass measurements to a minimum. As a
result, all of the electro-discharge machined specimens of the first set have constant
dimensions of 1x2x0.6mm3. For the second set of specimens (shown in Fig.6.2f), the
density is measured from mass and volume measurements. These specimens have a
constant width of 0.5mm and a linearly changing length (from 2mm in the neck, to
1.2mm just out of the clamps) to compensate for the deformation induced thickness
reduction.

For the indentation methodologies, the cross section of the samples are prepared to
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a final RMS roughness of ∼0.1 µm using successive grinding and polishing steps.
To limit the statistical uncertainty due to preparation-induced surface hardening, all
samples are mounted and polished collectively, and to avoid any bending effects of
the sample during the indentation experiment, the clamped regions are also removed
by grinding (Fig.6.2h).

Finally, for the micropillar compression methodology, deformed samples are split in
half along their cross sectional plane using electro-discharge machining (with a wire
diameter of 0.1mm). Pillars of square cross section (i.e. 0.2x0.2mm2) are produced at
the cross sections of both specimen halves, as a result of two perpendicular sets of
0.4mm-deep parallel electro-discharge machining cuts (Fig.6.2g), revealing a field of
pillars. Prior to the compression tests, the surface roughness of the pillars is reduced
by electro-polishing.

6.4 Morphology-based Volume Fraction Methodology

6.4.1 Experimental Set-up

High resolution X-ray micro-tomography measurements are carried out using a
Nanotom µCT scanner (Phoenix). During the acquisition, the sample (an electro-
discharge machined pillar, placed on a glass rod) is rotated 360◦ while it is exposed to
the X-ray beam. The acquisition is set to the highest possible resolution while keep-
ing the signal-to-noise ratio within useful limits. This corresponds to a minimized
source-to-sample distance of 3.6mm, maximizing the sample-to-detector distance to
350mm. Preliminary optimization tests revealed that the highest signal-to-noise ratio
is achieved using a X-ray tube voltage of 60kV and current of 240mA. To further im-
prove the signal-to-noise ratio, 4 images (taken with an acquisition time of 3 seconds)
are averaged at each rotation position. A total of 1080 averaged images are made for
the reconstruction. As a result, a voxel size of 0.5 µm is obtained.

Following the acquisition, a volume of 50x50x400µm3 (enclosed within the sample) is
reconstructed at different axial locations in the specimen (i.e., at different strain lev-
els). The volume fraction of voids is calculated in post-processing, using two differ-
ent methods. The first method, which is the commonly used method in the literature,
consists of visually setting a threshold in the gray value histogram to distinguish be-
tween air and material in order to calculate the volume fraction of the damage. In
the second method, a peak fitting routine is employed to fit two (Gaussian) peaks
(i.e. representing solid and air in the solid) in the gray value histogram of the 3D
reconstruction4 . The damage parameter is then calculated by comparing the relative

4Since the typical scale of damage is in the order of the resolution of the system, the transmission
peaks of the solid and the air enclosed in the solid inevitably overlap (especially for lab-scale X-
ray micro-tomography equipment for which the energy dispersion of the incoming X-ray beam is
significant).
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area underneath the peaks. Both methods are shown in Fig.6.3.

0 1 2 3 4 5 6 7

x 10
4

0

50

100

150

200

250

300

350

400

0 1 2 3 4 5 6
0

50

100

150

200

250

300

350

400

1 2 3 4 5 6 7

x 10
4

2 3 4

2 3 4

(i)

(ii)

(i)
(ii)

(b)

Thresholding

Peak fitting

(a )1 (a )2

(b )1

(b )2

Gray Scale (-)

Gray Scale (-) Gray Scale (-)

C
o

u
n

t 
(-

)
C

o
u

n
t 

(-
)

Figure 6.3: The two strategies adopted to obtain the damage volume fraction from
X-ray tomography measurements: (a) In thresholding, a threshold level
between air and solid in the gray value histogram is selected (a1), by exam-
ining the reconstructed morphology of the voids, microcracks (a2). Small
changes in the threshold may induce strong changes in void quantity as
shown (with the red arrows) in the 2D projection of the 3D reconstructed
50x50x400µm3 volume enclosed within the neck of the pre-deformed sam-
ple. (b) In peak fitting, two Gaussian peaks representating air and solid
are fitted to the gray value histogram of the 3D reconstruction. Even in
the case of hidden peaks(b1) this strategy can be applied successfully (b2)
to determine damage parameter.

6.4.2 Results and Discussion

Results obtained from both strategies are presented in Fig. 6.4. At equivalent strain
levels lower than 50%, damage evolution remains within the experimental inaccu-
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racy of X-ray micro-tomography measurements for both analysis strategies. At larger
strains, damage evolution is captured with both thresholding and peak fitting, how-
ever, leading to significantly different damage values. Although it is a popular strat-
egy, thresholding seems to be a less reliable approach than peak fitting, as the amount
of damage strongly depends on the value of the threshold, which for most cases is
subjective (visual interpretation of the operator). This constitutes an unacceptable
source of inaccuracy, as demonstrated clearly in Fig.6.3a2 in the reconstructed vol-
umes, and in Fig.6.4 with the large error bars. With peak fitting the error is lower,
as the strategy optimizes for a minimum residual of the combined two-peak profile,
thereby eliminating operator-induced errors. Peak fitting routine still yields an un-
certainty in the determination of the area of the two peaks, which is used to calculate
the error bar in the damage as shown in Fig.6.4.
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Figure 6.4: Damage vs strain diagram obtained from X-ray measurements.

6.5 Morphology-based Area Fraction Methodology

6.5.1 Experimental Set-up

The SEM analysis is carried out using a FEI Quanta 600 scanning electron micro-
scope, in the backscatter electron mode. First, high resolution micrographs are ob-
tained from the cross section along the axis of the deformed samples using a mag-
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nification of 400X and an acceleration voltage of 30kV. These images are combined
afterwards in the image processing software, and the area fraction of damage is cal-
culated over an area of 0.15x04mm2 at different positions (i.e. strain levels) on the
specimens, as shown in Fig. 6.5. To accurately determine the location of the material-
air threshold that corresponds to the real area fraction of the voids at the surface,
the threshold is set through examination of much higher magnification images of
the same voids, yielding an operator-induced error that is significantly smaller than
other error sources of this methodology. To assess these other error sources, the com-
plete procedure is repeated following different preparation protocols (i.e mechanical
and electropolishing) and for different SEM-operating settings (contrast/brightness,
magnification, beam voltage/current).

Figure 6.5: For the measurement of the area fraction of damage, high resolution SEM
images of the polished specimen cross section are taken along the central
axis of the deformed sample, and then combined together (above). With
an image analysis software the reconstructed area fraction of voids at dif-
ferent positions is determined.

6.5.2 Results and Discussion

The results presented in Fig.6.6 reveal that scanning electron microscopy analysis
is able to capture the damage evolution already at relatively low strains of ∼0.1.
The damage increases almost linearly up to a strain of ∼0.35, and then enters into a
exponential increase regime towards the onset of fracture.

In terms of measurement reliability, it is clear from the set of data presented that
a significant inaccuracy may be introduced due to the selected specimen prepara-
tion method. In fact, mechanical polishing and electropolishing have opposite ef-
fects on the porosity in the metal microstructures. In mechanical polishing, voids are
smeared out such that an under estimate of the total damage area fraction is mea-
sured, whereas in electro-polishing voids are enlarged (due to edge rounding) such
that an over estimate of the total damage is measured. Additional inaccuracies are
introduced due to a number of imaging (e.g. magnification, contrast adjustment, etc.)
and image analysis (e.g. thresholding) parameters. As a result, the overal inaccuracy
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Figure 6.6: The damage at different equivalent strains, obtained from void area frac-
tion measurements using SEM. Red data represents mechanical polishing,
blue data represents electro-polishing, both shown with error bar repre-
senting standard deviation of the individual measurement. The black data
corresponds to the overall average including all random and systematic
errors, with its error bars representing the uncertainty in the determina-
tion of the mean value.

may reach a factor of 2 of the measured damage value.

6.6 Material Property-based Density Measurement

Methodology

6.6.1 Experimental Set-up

For the first set of specimens (with equal-volume), only mass measurements are car-
ried out, using a Mettler Toledo XP2U. This micro-balance has a maximum repro-
ducibility of 0.25 µg, depending on the laboratory conditions. All cubes are mea-
sured three times to get more accurate averaged mass values and to check the re-
producibility. Before the measurements, all cubes have been cleaned with acetone.
For the second set of samples (i.e. specimens with geometry shown in Fig.6.2f), both
the mass and volume are measured. The mass measurements are carried out as for
the first set, and the volume measurements are carried out using a 3D surface pro-
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filometer from Sensofar, PLµ2300. For this purpose, thin paraffin oil is identified as
the ideal liquid, which meets the requirements (e.g. low vapor pressure, ideal vis-
cosity and surface tension to prevent overflow while allowing the sample to sink,
low thermal expansion, non-hygroscopic nature, etc.). A reservoir for the oil is made
from PMMA, which is an ideal material for this purpose5. The size of the reservoir
is minimized and the optical profilometer is enclosed in a climate box that is kept at
23.0±0.1◦C to reduce the effect of thermal expansion of the liquid (Fig.6.7a). Finally,
the surface of the polymer is polished to prevent liquid overflow.
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Figure 6.7: (a) The dimensions (in mm) of the polymer reservoir where the paraffin
oil is placed. (b) Volume measurement principle.

For the measurement, paraffin oil is inserted into the reservoir with an injection
needle, and the resulting 3D surface profile is measured using the confocal micro-
scope, with a 10X objective. Right after the measurement, the specimen is placed in
the reservoir with clean tweezers, and the measurement is repeated with the same
parameters, except for an increased z-range. Finally, both profiles are subtracted
(Fig.6.7b) to obtain the volume of the specimen (Fig.6.8).

6.6.2 Results and Discussion

The results obtained from both sets of specimens are shown in Fig.6.9.

A first observation is that the experimental error in the mass measurements of the
first set of specimens is unacceptably high, preventing any damage trend to be cap-
tured. This is somewhat surprising, as mass measurements on undeformed speci-
mens revealed a standard deviation of 0.5µg, which should be sufficient to capture
the damage in the specimens. In-depth analysis of the specimen surface roughness
and final dimensions reveal the causes of this scatter. First, as shown by the SEM

5PMMA is transparent, has a coefficient of reflection close to the paraffin oil, it can easily be ma-
chined and is relatively hard. Water absorption is low and the material is dimensionally stable.
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Polymer Block with Liquid Subtracted Measurement

Figure 6.8: Typical volume measurement results: the 3D profile of the paraffin oil
within the polymer reservoir (left), and the difference between the pro-
files before and after the placement of the specimen, corresponding to the
volume of the specimen (right).

image of a cut surface resulting from electro-discharge machining in Fig.6.10, the
cutting process creates an affected zone on the surfaces of the specimens with high
roughness. The degree of roughness may evolve during the EDM process leading to
different roughness values for different specimens. Secondly, a more important error
is limited to the positioning accuracy of the EDM cut, which in the case of the mass
samples is present for all six surfaces6.

The density measurements on the second set of specimens are also shown in Fig.6.9
revealing a more promising result towards damage quantification. Apparently,
the EDM-induced errors can be overcome by the developed volume measurement
methodology, revealing a clear trend in density, and hence damage. These results
lead to a preliminary conclusion that accurate volume measurements are neverthe-
less required for quantification of ductile damage from density measurements.

6.7 Material Property-based Indentation Methodology
7

6.7.1 Experimental Set-up

Indentation experiments are carried out on specimen cross sections at two different
scales. Using a MTS Nano-Indenter shallow indents (∼3.5 µm) and using a CSM
Instruments Micro-indenter deep indents (∼15 µm) are made with a Berkovich tip.

6As the cubes thickness is limited to that of the sheet metal, further enlargement of the cube’s in-
plane dimensions to compensate for the position of the electro-discharge machining cut would reduce
the error by a theoretical maximum of 66%, while considerably sacrificing its local resolution (e.g. at
the neck)

7This methodology is investigated in more detail in Chapter 7.
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Figure 6.9: Results of the density measurements from two sets of specimens. Only
mass measurements (set 1) lead to significant amount of experimental
scatter (red data points), while for the mass measurements combined with
volume measurements (set 2) the density shows a clear decrease with in-
creasing strain (blue data points), from which the damage accumulation
can be determined (green data points).

Typical examples of the results of indentation experiments are shown in Fig.6.11.
Nanoindentation enables a larger number of indents at each strain level, whereas
microindentation allows to probe the mechanical response of a larger interaction vol-
ume. Along with the hardness, the elastic modulus upon unloading is also extracted,
using the Oliver-Pharr methodology [103]. Finally, both are coupled with the local
strain data to investigate their coupled evolution with increasing deformation.
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Figure 6.10: Electro-discharge machined surface of dual phase steel
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Figure 6.11: Typical micro- and nanoindentation curves.

6.7.2 Results and Discussion

The deformation-induced hardness and modulus evolution in DP steel is shown in
Fig.6.12. Let’s first concentrate on the hardness evolution with deformation.

As demonstrated in the work of Lemaitre and Dufailly [84], quantification of dam-
age from hardness degradation is only possible if a clearly recognizable, damage-
induced decrease exists in the hardness evolution curve. Results shown in Fig.6.12
clearly indicate that there is no such distinct noticeable decrease in the DP steel due to
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Figure 6.12: Hardness (blue) and modulus (red) evolution in DP steel with deforma-
tion.

damage evolution. Additionally, also no drop in hardness was found for interstitial-
free steel, stainless steel and an aluminium alloy [105]. This may seem surprising,
since the scanning electron microscopy, X-ray micro-CT scanning and density mea-
surements (shown in Figures 6.4, 6.6 and 6.9, respectively) reveal that there is signifi-
cant damage present in the microstructure. To investigate the underlying reasons for
this apparent discrepancy, finite element simulations of the indentation experiments
are carried out8, confirming that porosity should indeed cause a drop in both the
indentation hardness and modulus (Fig.6.13).

These results emphasize that there are other deformation-induced mechanisms in the
microstructure, such as strain hardening, texture evolution, grain shape change, etc.,
which mask the expected damage-induced softening. These mechanisms are active
in any deforming metal to different extents, whereby it is not trivial to measure their
exact influence. As a result of this systematic error, it was concluded in [105] that
hardness based damage quantification from indentation experiments are not reliable
in their original setting.

Concentrating on the modulus evolution presented in Fig.6.12, a different trend is
observed. Modulus does drop with increasing deformation, giving the first impres-
sion that a damage parameter can be quantified. However, the presented data also
reveals that the interspecimen reproducibility is extremely poor, despite the fact that
the data is obtained from the same indentation experiments from which the hard-
ness data (showing good reproducibility) is obtained. An equally poor reproducibil-
ity was also found for modulus data of interstitial free steel, stainless steel, and an

8For the simulations, elasto-plastic material behavior is assumed, with isotropic hardening, and
mechanical properties obtained from uniaxial tensile tests are used directly as a table-input in the
FE simulations. The actual Berkovich tip used in the experiments is modeled as a rigid body. More
details are provided in [105].



72 6 COMPARATIVE ANALYSIS OF DAMAGE QUANTIFICATION METHODOLOGIES

0.4

0.5

0.6

0.7

0.8

0.9

1

E
/E

D

0 0.02 0.04 0.06 0.08 0.1
0.4

0.5

0.6

0.7

0.8

0.9

1

H
/H

D

Void Fraction

Modulus

Hardness

Figure 6.13: Indentation simulations predict a noticeable (relative) decrease in (a)
hardness and (b) elastic modulus with increasing void fraction. Note
that HD and ED represents the damaged state, and H and E represents
the damageless state.

aluminium alloy [105]. As was explained in [105], this low reproducibility is due to
slight tilts of the specimens with respect to the indenter tip, for which the Oliver-
Pharr methodology is reported to be sensitive [106]. Additionally, the unloading
stiffness, from which the modulus is obtained is known to be quite sensitive to plas-
ticity [103]. The large error bars for modulus data (for both nanoindentation and
microindentation results), and the significant difference in the indentation moduli
from nanoindentation and from microindentation tests (for equal hardnesses) are
both triggered by this sensitivity. A further complication was revealed from surface
profilometry analyses of the indentation marks, which show that indentation causes
the material to sink-in at regions of low (or no) deformation, and pile-up at regions
of severe deformation (Fig.6.14). The Oliver-Pharr approach assumes a sink-in be-
havior and takes into account a correction factor for pile-up, thereby overestimating
the elastic modulus (i.e. on average 8%) [107]. Finally, the elastic modulus may also
be influenced by deformation induced texture evolution or residual stress develop-
ment. Therefore, it was concluded in [105] that all of these complications makes the
indentation based elastic modulus also an unreliable probe for damage quantifica-
tion.

Obviously, the indentation based damage quantification (from the degradation of
hardness or modulus) is not applicable in its original conception. However, the in-
dentation based damage quantification may be used after all upon erasing all mi-
crostructural masking effects via a (material-specific) heat treatment, which com-
pletely removes the deformation history and all associated microstructural plasticity
effects while leaving the damage unaltered. This approach is discussed in the next
section.
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Figure 6.14: Indentation causes sink-in at regions of low deformation, and pile-up at
regions of severe deformation.

6.8 Material Property-based Modified Indentation

Methodology 9

6.8.1 Experimental Set-up

The intrinsic deficiencies of the indentation based damage quantification method-
ology can only be resolved upon removing all non-homogeneous deformation-
induced microstructural changes from the as-deformed material, i.e. by an exten-
sive deformation-history erasing heat treatment that yields a spatially homogeneous
matrix surrounding the voids (which themselves should remain unaffected). Inden-
tation experiments on such a partially-homogenized microstructure should reveal
a constant hardness and modulus at low deformation levels (prior to damage nu-
cleation) and drops in both hardness and modulus with increasing deformation as
caused by the onset of damage. Damage can then be calculated using DH = 1-HD/H
or DE = 1-ED/E, as in the original indentation methodology [84].

The main challenge in developing such a heat treatment is the strong heterogeneity
in the metal microstructure due to its deformation history, which significantly affects
the recrystallization or phase transformation kinetics. To overcome this obstacle for
the case of DP steel, first, the heterogeneity in strain energy is reduced with a pro-
longed recovery step (24 hours at 500◦C). Next, sufficient time is allowed upon a re-
crystallization step for grain boundary migration to minimize the grain size distribu-
tion via extended grain growth (24 hours at 700◦C). Finally, microstructure (partial)

9This methodology is investigated in more detail in Chapter 8.
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homogenization is further assured through repeated eutectoid transformations (at
1000◦C) for 24 hours and is cooled below the eutectoid transformation temperature
and held at 600◦C for 24 hours, before cooling to room temperature for indentation
experiments. Microstructure analysis following this heat treatment reveals that a ho-
mogeneous matrix is obtained, while the deformation-induced damage is preserved
in the material [Chapter 8].

Load-controlled microindentation experiments are carried out on the cross sec-
tions of the heat treated samples, using a CSM Instruments Micro-indenter with a
Berkovich tip, up to a load of 4 N, and the local hardness and elastic modulus are ob-
tained using the Oliver-Pharr methodology [103]. All tests are repeated on six speci-
men parts to assess inter-specimen reproducibility. Hardness and modulus data are
then coupled with the local strain data to investigate their coupled evolution with
increasing deformation.

6.8.2 Results and Discussion

The indentation results on heat-treated samples in Fig.6.15 show that a much higher
measurement reproducibility is obtained in both hardness and modulus measure-
ments compared to the original indentation methodology. Furthermore, the expected
trend (i.e. a constant hardness and modulus regime at low strains, and a decrease in
both after a certain strain level) is successfully obtained. This observed trend also
indicate the effectiveness of the adopted heat treatment, as in the as-deformed case a
monotonous increase in hardness and a clear decrease in modulus before the onset of
damage was observed. Hardness and modulus based damage parameters can now
be quantified, which are also shown in Fig.6.15. Another promising note is on the
comparison of the two damage parameters obtained from indentation hardness and
modulus: These two different measurements methodologies reveal approximately
equal damage values, within their statistical uncertainties.

6.9 Material Property-based Micropillar Compression

Methodology 10

6.9.1 Experimental Set-up

In this section, another mechanical damage quantification methodology is presented
with which damage can be quantified directly using the degradation of modulus. In
this methodology, plasticity-induced microstructural effects which render the con-
ventional indentation-based methodology useless are overcome by probing only the
elastic response and thereby eliminating all undesired plasticity effects. In this way,

10This methodology is investigated in more detail in Chapter 9.
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Figure 6.15: Results of the indentation measurements on the heat treated, partially
homogenized microstructure: hardness (blue), modulus (red) and the
corresponding damage values are also plotted for the same strain levels
and with the same color coding. The error bar represents the standard
deviation of the mean.

the pure damage-induced degradation of the modulus is probed in a local sense from
flat punch compression tests on electro-discharge machined micropillars (Fig.6.16), at
load levels sufficiently lower than the point of yielding. The manufacturing method-
ology and the dimensions of the micropillars are explained in section 1.3.

Compression tests are carried out using a micro-indenter (CSM Instruments Micro-
Indenter) in a load-controlled manner, with a flat punch of 0.35mm diameter. The pil-
lars are first compressed up to approximately half the material yield strength (which
corresponds to 2N), subsequently unloaded to 0.4N, and then three times reloaded
and unloaded between 0.4N and 1N. The modulus is calculated using the initial 60%
of the unloading data from 1N, to minimize surface plasticity effects. The obtained
modulus data is used to calculate the damage parameter DE (Fig.6.2h), where the
modulus in the undeformed state is measured on the pillars outside the specimen
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Figure 6.16: The pillars for the micro-compression test. the inset shows the SEM im-
age of the pillars from top.

gauge section. Finally, DE is coupled to the measured local strains to reveal its evo-
lution with deformation.

6.9.2 Results and Discussion

The measured modulus evolution and the corresponding damage evolution is shown
in Fig.6.17, which show acceptable experimental accuracy. The major source of inac-
curacy is due to the electron-discharge machining process, which (due to the posi-
tioning inaccuracy of the EDM wire) lead to small differences in the cross sectional
area. The damage value that is obtained from the modulus evolution shows a re-
alistic trend: a constant regime within experimental accuracy up to a strain level
of ∼0.25, followed by an increase to 4-5% damage at 50% strain, and subsequently
followed by a final rapid grow to approximately 20% damage close to fracture.

6.10 Discussion

The damage evolution parameters measured by the considered five methodologies
are plotted collectively in Fig.6.18 for a comparative analysis of the accuracy and
precision of each technique.

This overview of all results reveals that the general damage evolution trend is qual-
itatively similar (i.e. two different regimes of damage evolution are captured with
each technique: an initial regime of slow damage accumulation followed by a later
regime of accelerated damage accumulation). A more detailed analysis reveals that
there are significant differences between damage evolution curves obtained with
mechanical material property-based methods (i.e. indentation, elastic compression)
and (material property-based or morphology-based) non-mechanical methods (vol-
ume fraction, area fraction, density). All three mechanical methods measure a rather
late damage initiation strain (approximately 0.25), followed by an accelerated dam-
age accumulation and ending in a higher final damage level. Apart from the same
trends, there is also a pronounced cross-methodology reproducibility between the
damage evolution trends obtained from these three different mechanical method-
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Figure 6.17: Compression modulus and damage evolution in DP steel (The reference
modulus value at zero strain [measured at specimen pad, outside the
clamp] is shown with a dashed line.) The error bar represents the stan-
dard deviation of the mean.

ologies (although the measurement precision is not as high in each of them). On
the other hand the non-mechanical methods, especially the morphology-based tech-
niques, miss out an important portion of the damage at intermediate strains mea-
sured with the mechanical techniques. The reasons of the limited damage spectrum
of the non-mechanical techniques are two-fold: First, damage morphology-based
methods (i.e. volume or area fraction techniques) have limited spatial resolution, and
hence can only capture voids, cracks with one dimension larger than roughly twice
their resolution. Second, non-mechanical methods (including the density method-
ology) are fundamentally incapable of capturing deformation-induced ’volumeless’
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Figure 6.18: Damage evolution in DP steel measured by the different methodolo-
gies used in this study: X-ray microtomography to measure void vol-
ume fraction, SEM imaging to measure void area fraction, mass and vol-
ume measurements yielding the density, indentation measurements of
heat treated (partially homogenized) microstructure to measure hardness
and indentation modulus and compression tests on electro-discharge
machined micropillars to yield the modulus of compression. Inset im-
age shows the trends of damage morphology-based techniques at higher
magnification.

damage (e.g. microcracks), which may induce a strong overall softening effect. In
fact, the results shown here (in particular the relatively large difference between the
damage captured by the mechanical and non-mechanical methods) reveal that this
effect is significant even for uniaxial tension, which is more suited for void growth
than microcracking compared to other strain paths (e.g. shear, torsion) or defor-
mation modes (e.g. high-cycle fatigue). Whereas the non-mechanical methods are
limited to the resolvable geometric damage spectrum only, the mechanical methods
are more sensitive to different damage morphologies (e.g. cracks) and alternative
strain path (e.g. shear). Both hardness and modulus based damage quantification
methods probe the overall mechanical response from the measurement volume in-
vestigated, thereby including the influence of all defects that have a noticeable effect
on the mechanical response. Overall, these considerations lead to the conclusion that
the mechanical methods have much better accuracy then the non-mechanical meth-
ods.
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Interestingly, in terms of measurement precision (e.g. reproducibility) the mechanical
methods are not as strong (as seen from the larger error bars in Fig.6.18), possibly due
to the more challenging specimen production routes necessary (i.e. involving more
electro-discharge machining steps) compared to, e.g., the 2D direct damage quan-
tification methodology. Another factor that limits the precision in all methodologies
(especially at high strains) is strain localization. In most fracture modes, strong strain
and damage gradients develop (whether or not inside a neck), which effectively re-
quires the damage quantification methodology to probe a very small material vol-
ume. On the other hand, a minimum measurement volume needs to be probed to
measure the representative mechanical response of the microstructure and to acquire
significant precision. In most cases, due to these considerations a relatively smaller
number of data points can be obtained from the neck region, leading to larger error
bars due to statistical uncertainties.

Isotropic damage models assume that the effect of the damage is equal for all di-
rections in a material point, enabling the use and experimental determination of a
single (scalar) damage parameter instead of the full damage tensor. However, this is
rarely the case in engineering materials. For example, it is obvious that crack en-
largement under tensile loading will have a different mechanical softening effect
in the direction of loading compared to the transverse direction. Consequently, it
is also relevant to compare the damage quantification strategies presented here for
their ability to provide different components of the damage tensor. To this end, the
geometry-based damage quantification methodologies can obviously provide infor-
mation over the directional differences in the geometry of deformation-induced dam-
age11. Accordingly, the damage-induced anisotropy can be captured (at least in the
principal directions), however, limitations due to the experimental methodologies
presented (e.g. low accuracy) and especially due the underlying assumptions (e.g.
volumeless micro-crack effects are not captured fully by the effective stress concept)
still complicate the identification of all parameters of the damage tensor. Mechanical
property-based methodologies, on the other hand, capture the mechanical response
directly, and if carried in different directions (e.g. by producing pillars in different
cross sections) provide information about damage-induced anisotropy. The assump-
tion in this case is that the difference in the mechanical damage effect due to the
differences in the loading conditions between the damage quantification technique
(e.g. compression for the micro-pillar based methodology) and the deformation pro-
cess of interest (e.g. a deep drawing) is insignificant.

Finally, the strengths and weaknesses of all methodologies are summarized in Ta-
ble 6.1. Among the criteria considered here, accuracy (i.e. low systematic errors)
and damage spectrum are the most critical for ductile damage quantification. Apart
from the original indentation methodology which shows intrinsic shortcomings, me-
chanical material-property based techniques score relatively higher in both of these
aspects, compared to non-mechanical techniques, due to their higher accuracy and

11For the 2D area fraction methodology this requires specimen preparation and analysis in multiple
directions
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sensitivity to volumeless cracks. The density methodology also performs well in
accuracy, however it has the same damage spectrum limitations as the damage-
morphology measurements, and the most limited spatial resolution among all meth-
ods. Damage morphology-based methods (especially 2D measurements with scan-
ning electron microscopy) provide practical, high-resolution and high-precision mea-
surements of ductile damage. However, due to the low accuracy and limited damage
spectrum, obtained data is more useful for damage characterization rather than dam-
age quantification.

Table 6.1: Review chart for ductile damage quantification methods, compared ac-
cording to different criteria. Note that ’Accuracy’ refers to the accuracy
with which a method measures the parameter from which damage is quan-
tified. ’Precision’ refers to reproducibility. Methodologies with a high
’Damage spectrum’ captures the influence of many different damage mor-
phologies (from elliptical pores to volumeless micro-cracks). ’Spatial reso-
lution’ and ’practicality’ are self-explanatory. Apart from damage quantifi-
cation capabilities of each method, the damage micro-mechanism character-
ization capabilities are also compared, at the bottom row.

Vol. Frac. Area Frac. Density Ind. Mod. Ind. Compression
Accuracy * ** ***** - **** ****
Precision *** ***** *** *** *** ***

D. Spectrum * ** ** **** **** ****
Spatial Resolution *** ***** * **** **** ***

Practicality *** ***** ** ***** *** ***
OVERALL * *** *** - **** ****

D. Mechanisms **** **** - - - -

6.11 Conclusions

In this work, an in-depth analysis of different damage quantification strategies and
methodologies is carried out. The strengths and limitations of each methodology in
terms of damage measurement accuracy, precision, damage spectrum, spatial reso-
lution, practicality, etc., are comparatively investigated by aiming to quantify ductile
damage evolution in an industrially-relevant steel sheet (dual phase 600 steel). The
obtained results clearly indicate that methodologies that quantify ductile damage
through its influence on a mechanical property (such as hardness or elastic mod-
ulus) have significantly higher accuracy than damage morphology-based measure-
ment methods that aim to quantify damage geometrically. Furthermore, the me-
chanical material property-based techniques also probe a larger damage spectrum,
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as the detrimental influence of any damage morphology (from voids to cracks) can
be captured mechanically. Morphology based methods (such as X-ray microtomog-
raphy or scanning electron microscopy) are limited in both damage measurement
accuracy and damage spectrum, yet provide significant information about damage
mechanisms, which is obviously not possible by the mechanical methods.





CHAPTER SEVEN

Critical Assessment of

Indentation-Based Ductile Damage

Quantification1

Abstract

This paper scrutinizes the reliability of indentation-based damage quantification,
frequently used by many industrial and academic researchers. In this methodol-
ogy, damage evolution parameters for continuum damage models are experimen-
tally measured by probing the deformation-induced degradation of either hardness
or indentation modulus. In this critical assessment the damage evolution in dif-
ferent sheet metals was investigated using this indentation approach, whereby the
obtained results were verified by other experimental techniques (scanning electron
microscopy, X-ray micro-tomography and highly-sensitive density measurements),
and by finite element simulations. This extensive experimental-numerical assess-
ment reveals that the damage-induced degradation of both hardness and modulus is
at least partially but most likely completely masked by other deformation-induced
microstructural mechanisms (e.g. grain shape change, strain hardening, texture de-
velopment, residual stresses and indentation pile-up). It is therefore concluded that
hardness-based or modulus-based damage quantification methods are intrinsically
flawed and should not be used for the determination of a damage parameter.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, M.G.D. Geers, A Critical Assessment of
Indentation-Based Ductile Damage Quantification, Acta Materialia, 57(15), 4957-4966, (2009).
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7.1 Introduction

The introduction of advanced high strength steels (e.g. dual phase steels and
transformation-induced plasticity steels) into the automotive industry triggered ex-
tensive research to improve the predictive power of forming simulations [4, 108].
These materials have desirable formability coupled with high strength, which makes
them extremely suitable for many components in modern vehicles [109]. How-
ever, weight minimization motivated use of these materials is limited by the un-
predicted failures observed, due to deformation-induced damage evolution in the
multi-phased microstructures [70]. These damage mechanisms are triggered typi-
cally due to different deformation characteristics of the phases in the microstructure
(e.g. ferrite and martensite in dual phase steels). To understand and resolve these
problems with unpredicted failure in steels, the industry typically resorts to contin-
uum damage models to be able to model damage evolution and ductile fracture. The
classical basis of elasticity-based damage models is the strain equivalence principle,
which states that constitutive relations for undamaged materials can be used for a
damaged material, under the condition that the effective stress tensor is used instead
of the conventional stress tensor [83]. The effective stress, in its most elementary
form, is defined as

σe =
σ

1 − D
. (7.1)

To this purpose, most models require an accurate assessment of a damage parameter,
D, which depends on the material microstructure and deformation characteristics
(e.g. strain path, stress state etc.). As also pointed out by other researchers (e.g.,in
[84, 89, 90, 110, 111]) accurately determining the damage is a challenging task as the
typical size of microvoids is only a few microns, and the critical microvoid volume
fraction reached before fracture is typically only 1-2% of the deforming volume [90].
In their pioneering work, Lemaitre and Dufailly suggested a number of direct and
indirect experimental techniques for the quantification of damage [84].

7.2 Geometrical and Mechanical Damage Parameters

Direct methods interpret damage as a purely geometrical characteristic, and aim to
quantify D through density [84, 93–95], surface area [84, 90–92] or volume fraction
[70, 85–88] measurements. Although quite popular, it is questionable whether these
methods may reach the required high levels of accuracy in quantitative analysis of
ductile damage. This concern is essentially based on two arguments. First, direct
methods have rather limited accuracy due to their intrinsic experimentation errors.
In the density route, for example, volume measurements show significant scatter
even when high precision equipment is used [112]. Surface area fraction measure-
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ments, on the other hand, suffer from errors introduced by the specimen preparation
(i.e. smearing or enlargement of voids)2 [114]. Direct volume fraction measurement
(e.g. using X-ray tomography) avoids these effects as specimen preparation is not re-
quired, however, limitations in spatial resolution affect the accuracy, especially when
voids are smaller than a few micrometers [70]. Second, all geometrical methods are
(intrinsically) incapable of yielding any information on the correlation between dam-
age morphology/distribution and the resulting mechanical behavior (e.g. void inter-
actions [115] or void morphologies [116]).

As an alternative to the geometrical methods, Lemaitre and Dufailly qualify two in-
direct, mechanical methods as the most promising routes for the determination of the
D parameter [84]: probing of ductile damage through its effect on the hardness or the
elastic modulus, both of which can be obtained from a micro-indentation test3. Hard-
ness based damage quantification assumes that the hardness is linearly proportional
to the flow stress. Therefore, this methodology monitors the hardness degradation to
assess the damage-induced changes in the flow stress [118]. The damage parameter
is determined through

DH = 1 −
Hd

H
(7.2)

where Hd is the measured damaged hardness and H is the undamaged hardness,
which is extrapolated from the hardness values at low strains in the undamaged
regime (Fig. 7.1(a)).

In a similar way, elastic modulus based damage quantification is based on the stiff-
ness degradation due to the evolution of damage, and calculated by

DE = 1 −
Ed

E
(7.3)

where Ed and E are the elastic modulus in the damaged and undamaged states, re-
spectively (Fig. 7.1(b)).

2With use of focused ion beam technology (FIB) (e.g. in [113]) such microstructure manipulations
may be avoided. However, in practice, damage quantification using FIB is unfeasible due to the
(relatively) large surface area that needs to be scanned to obtain a statistically relevant damage value.

3Lemaitre and Dufailly originally measured the modulus using strain gauges from unloading
curves. Later, Guelorget et al. used the modulus obtained from the more practical Oliver-Pharr
indentation methodology, to calculate the damage parameter [117]. The well-studied Oliver-Pharr
methodology uses the unloading stiffness to calculate the material compliance and the amount of
sink-in, which is required to find the exact contact area (assuming no pile-up) [103].
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Figure 7.1: Schematic representation of an idealized measurement of ductile damage
using the indentation-based methodology. (a) Damage evolution as a re-
sult of deformation is expected to cause a sudden drop in the hardness,
which is compared to the extrapolated ”damageless” hardness curve to
calculate the D parameter. (b) In the absence of damage the elastic mod-
ulus does not change with deformation, but the modulus is expected to
decrease after damage initiates, which can also be used to calculate the D
parameter.

7.3 Current Status and Goal

Although the microscopic damage morphology is not captured using these
indentation-based damage quantification methodologies, sudden drops in both
hardness and modulus presented in the work of Lemaitre and Dufailly visualize a
clear effect of damage evolution, which they used for the quantification of the dam-
age parameter using Eqs. 7.2 and 9.1. Therefore, this methodology resolved at least
one of the above-mentioned concerns for the direct damage measurements, since the
mean effect of all voids and discontinuities on the mechanical behavior is captured
in the average flow response of the material under the indenter. As a result, and
considering the practical nature of the methodology (e.g. local character, quasi-non-
destructive, widely available, etc.), many contributions in the literature selected one
of the two indentation based methodologies to analyze deformation-induced effects
in different materials (e.g. [90, 117, 119–123]). Note that most technological tests and
assessments made by and for the industry are never published.

However, in contrast to the results of Lemaitre and Dufailly, some of these works
revealed no sharp drop in the hardness as a function of strain [90, 117, 121]. For in-
stance, Alves reported that hardness based methodology gave good results with an
aluminum alloy but not with a mild steel, and questioned whether the methodology
is in fact a general technique [90]. Cotterell et al. [121] and Guelorget et al. [117] both
observed an increase in hardness for steel and copper, respectively, and claimed that
it is due to the influence of higher density of dislocations close to the fracture sur-
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face. Other authors [123] have calculated hardness-based D parameters even when
the transition from the undamaged to damaged regime appeared to be completely
obscured, resulting in interpretation-dependent damage values.

In the indentation based elastic modulus route, Guelorget et al. reported a decrease
in the elastic modulus (calculated during the loading process of indentation) of cop-
per sheet, from which they calculated the damage evolution [117]. However, it is
also mentioned that a larger scatter is observed for the same specimens when the
modulus is calculated from the unloading curves, whereas the opposite trend would
be expected [103]. Furthermore, Alves tabulated void area based and elastic modu-
lus based damage values from the literature, and underlined that for many materials
common values were not obtained [90]. There are, therefore, clear grounds to ques-
tion whether an accurate damage quantification can be carried out at all with this
methodology in a reproducible manner for different materials.

The present paper aims to critically assess the applicability and reliability of inden-
tation based methodologies, aiming for an accurate damage quantification method.
To achieve this, micro-indentation experiments are carried out on three rather dif-
ferent steel alloys and one aluminium alloy. The obtained results are carefully ana-
lyzed and confronted with measurements obtained through alternative damage anal-
ysis techniques, including scanning electron microscopy, sensitive density measure-
ments, and X-ray micro-tomography. In addition, the micro-indentation results are
compared with finite element simulations to verify the separate effect of microvoid
density on the degradation of hardness and indentation modulus. Using the gath-
ered data from this experimental-numerical analysis, the accuracy and overall ap-
plicability of the indentation-based damage quantification methodology is critically
assessed.

7.4 Methodology of Comparative Damage Assess-

ment

Experiments are carried out on interstitial-free steel (IF), X30Cr13 stainless steel (SS),
dual phase 600 steel (DP) and aluminium 6016 alloy (AL). Dog-bone shaped tensile
samples (of 12 millimeter gauge length) are electro-discharge machined from these
sheets, and tested (at a strain rate of 0.25x10−3 s−1) using a Kammrath-Weiss micro-
tensile stage to determine the global mechanical behavior. Local strain fields are
measured using digital image correlation (Aramis software, GOM GmbH.). Cross
sections of these specimens are polished to a final roughness of ∼0.1 µm. Indentation
experiments are carried out on these cross sections with a MTS Nano-Indenter (for
shallow indents of ∼3.5 µm) and also with a CSM Instruments Micro-indenter (for
deep indents of ∼15 µm), both using a Berkovich tip. The local hardness and elastic
moduli are obtained using the Oliver-Pharr methodology [103]. With the nanoinden-
ter, at each strain level, at least three indentation experiments are performed over the
thickness of the cross section (with sufficient spacing), which allowed to assess the
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Figure 7.2: (a) Non-homogenous tensile test specimens tested. (b) Local strains are
measured using digital image correlation. (c) First, 1 mm3 cubes are cut
by electro-discharge machining (EDM) from the fractured samples. (d)
Subsequently the cross sections of the tapered specimens that result after
the EDM process are polished for metallographic analysis and indenta-
tion experiments (at the positions of the yellow arrows). (e) The finite
element mesh (using mirror-symmetry around the indenter axis) showing
the randomly generated void distribution and the indenter geometry that
are used for the indentation simulations. (f) Typical computed local strain
distribution as a result of the indentation.

scatter in the hardness data. The microindentation experiments, on the other hand,
allowed to probe the mechanical response of a larger, i.e. more representative, in-
teraction volume. Furthermore, measurements with the microindenter are repeated
on at least 3 fractured specimens of each material to assess the inter-specimen repro-
ducibility. Hardness and modulus data are then coupled with the local strain data to
investigate their coupled evolution with increasing deformation.

To analyze the damage accumulation directly, tapered tensile samples (Fig. 7.2(a))
are also tested while local strain measurements are carried out (Fig. 7.2(b)). Scan-
ning electron microscopy (Philips XL30 ESEM-FEG), high-resolution micro-CT to-
mography (Nanotom, spatial resolution of ∼0.6 µm) and highly sensitive density
measurements (i.e. mass measurement by Mettler Toledo XP2U mass balance with a
sensitivity of 0.25 microgram, combined with highly sensitive volume measurement
using a Sensofar PLµ2300 profilometer) are used to assess the damage accumulation4.
For the micro-tomography and density measurements, small (∼1mm3) cubes are cut
out of tensile test specimen using electro-discharge machining (Fig. 7.2(c)). For the
scanning electron microscopy analysis, the polished surfaces are electro-polished to
reveal the microvoids (Fig. 7.2(d)).

It is important for the purpose of the critical analysis to assess the sole influences

4Note that volume measurement using the Archimedian method is not nearly sensitive enough for
the present purpose.
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of pre-existing damage and plastic hardening on the indentation response. This can
not be done experimentally, therefore in support of the experimental analysis, sim-
ulations of these indentation tests are performed. However, quantitative prediction
of the complex physical mechanisms underlying indentation experiments requires
modeling efforts outside the scope of this work. Therefore here, more practical 2D FE
simulations are carried out to qualitatively investigate the influence of pre-existing
voids (with a certain void volume fraction) and plastic hardening on the measured
hardness and modulus. In fact, both plane-strain and axisymmetry simulations are
performed (using MSC Marc Mentat). Clearly, the assumptions of plane strain and
axisymmetry do not reflect the true 3D geometry of the indentation test (the plane
strain response yields an overestimation (upper limit) of the hardness and modulus,
whereas axisymmetry is realistic for a homogeneous material and conical indenter
tip but surely not when including toroidal voids). Nevertheless, the same trends in
hardness and modulus as a function of void volume fraction are observed for both
cases, which assure that the observed trends are representative of the real 3D geom-
etry.

For the simulations, elasto-plastic material behavior is assumed, with isotropic hard-
ening. Mechanical properties are obtained from the uniaxial tensile tests of alu-
minum, as shown in Fig. 3, and the measured hardening behavior is used directly
as a table-input in the FE simulations. The actual Berkovich tip used in the experi-
ments is modeled as a rigid body and the thickness in the plane-strain simulations
is taken to yield the same 3D indentation volume. The voids are modeled explicitly
with a random spatial distribution (taking into account a minimum distance between
the voids of 0.5 µm) and a void size distribution, which is sampled from the actual
void size distribution measured through SEM and micro-CT analysis; a typical FE
mesh is shown in Fig. 7.2(e,f). The voids are modeled as having no material inside,
hence, it was generally observed that the voids under the indentor tip close under
the compression force, while the voids besides the tip elongate due to the shear force.
The simulations yield force-displacement indentation curves, from which the hard-
ness and elastic moduli are obtained using the Oliver and Pharr methodology, in the
same way as is done in the indentation experiments. It was verified that smaller el-
ement sizes or more nodes in the elements surrounding the voids had a negligible
influence on the obtained indentation curves. Ten indentation simulations are per-
formed for each void fraction to obtain averaged values for the hardness and elastic
moduli.

7.5 Results and Discussion

Tensile curves of the dog-bone specimens of the four tested materials are given in
Fig. 7.3, revealing significant differences in the mechanical behavior. Let us first fo-
cus on the hardness versus strain data which is obtained from the indentation tests
carried out on the cross sections of these specimens. As shown in Fig. 7.4, these
results show a high degree of reproducibility.
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Figure 7.3: True stress versus true strain data of the four tested sheet metals, as mea-
sured under uniform tension. The strain hardening coefficients of all steels
are approximately 0.29, while that of the aluminium is 0.24.

It is striking to observe that none of these metals show a decrease in nano-hardness
or micro-hardness, as was observed by Lemaitre and Dufailly [84]. In the absence of
a noticeable drop in hardness, constructing a virtual damageless hardness curve (as
was schematically depicted in Fig. 7.1(a)) is virtually impossible. The data suggests
that only a minor amount of damage, if any at all, is accumulated in each of these
materials, therefore not revealing any sudden decrease in hardness.

However, this is a misleading result and conclusion, since damage in these materials
is clearly observed with other experimental tools: Fig. 7.5 shows SEM images reveal-
ing damage in both the cross sections (also at those positions where the indentation
tests are carried out) and the fracture surfaces of all specimens. Even for IF, a fully
ferritic steel which has only a few active damage micro-mechanisms [34], some mi-
crovoid growth occurs away from the fracture front. Moreover Fig. 7.6 shows the
reconstructed 3D X-ray micro-tomography image of the neck region of the deformed
AL specimen, which shows coalesced voids of more than 50µm in diameter. Finally,
the sensitive density measurement - with a spatial resolution of 1 mm3 - also re-
vealed a noticeable drop in the density towards the fracture surface (e.g., 0.87% for
AL [112]).

In order to quantify the relative impact of the measured voids on the hardness and
modulus, numerical indentation simulations are carried out to complement the ex-
perimental observations (Fig. 7.7). For a given microvoid density, the indentation
simulations reveal a continuous decrease of the hardness with increasing void frac-
tion. This was expected, as hardness degradations of equal order were reported ear-
lier for other materials where the influence of an increasing porosity on the hard-
ness in an otherwise constant microstructure was monitored (e.g. sintered ceram-
ics [124, 125], coatings [126], porous films [127], sintered porous metals [128], etc.). It
is however interesting to note that the drop in hardness is limited to 5-10% for the
typical void fractions in industrial alloys, which calls for a challengingly high repro-
ducibility in indentation measurements to achieve the required sensitivity to void
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Figure 7.4: Coupled hardness vs. local strain data for (a) IF (b) DP (c) SS and (d) AL.
The indentations are carried out at the cross sections of the tensile speci-
mens as shown in the inset images for the IF samples. Microindentation
results overlap with the nanoindentation results of separate specimens,
and thus for clarity, only the mean value calculated from of all microin-
dentation specimens is shown (i.e. data points with cross). Note that the
x-axis in subfigure (a) has its maximum strain in the center, to allow better
visualization of hardness profile along a tensile test sample. Also note the
large error bar of the data point very close to the crack tip (strains of ∼ 1).

fractions of approximately 0.1%.

To summarize, the existence of damage in the form of microvoids, in the neck region
is clearly confirmed from three different types of measurements (SEM, X-ray micro-
tomography, and density), and the numerical analysis shows that the measured void
density should cause a noticeable decrease in the hardness (and elastic modulus) at
least if other effects in the non-voided material are ignored. This apparent inconsis-
tency can only be explained when the decrease in hardness due to damage evolution
is partially or fully obscured by other underlying mechanisms (that induce an in-
crease of the hardness) arising from the evolving microstructure. These mechanisms
are next investigated in more detail.

The different possible mechanisms that can cause an increase in hardness are best
studied on the interstitial-free steel, as this material exhibits a late increase in
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Figure 7.5: Significant damage accumulation is observed in SEM images of IF speci-
mens ((a) cross section, (b) fracture surface), DP specimens ((c) cross sec-
tion, (d) fracture surface), AL specimens ((e) cross section and fracture
surface), and SS specimen ((f) cross section).

Figure 7.6: Microvoid coalescence leads to internal microcracks in a AL specimen
after strain localization, as shown in this reconstructed X-ray micro-
tomography image: side view (a), and cross section (b). Note that the
colors in (b) are inverted for visual clarity, i.e., material is shown fully
transparent whereas the air surrounding the specimen and in the voids
are colored.

hardness followed by an apparent decrease in hardness at ultimate strain of ∼ 1
(Fig. 7.4(a)).

First, a perhaps trivial mechanism of interest is the increase of hardness due to strain
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Figure 7.7: Plane-strain and axisymmetric indentation simulations predict a notice-
able (relative) decrease in (a) hardness and (b) elastic modulus with in-
creasing void fraction.

hardening, as it seems (highly) plausible that for low amounts of damage accumu-
lation strain hardening effects do obscure the damage-induced decrease of the flow
stress and hardness in metals. Numerical simulations of indentation experiments
carried out with different initial levels of plastic strains (and no voids) shows this
effect in Fig. 7.8. As expected strain hardening has a strong influence at low strain
levels, but this influence decreases with increasing deformation (as the strain hard-
ening rate decreases with increasing strain). Since strain hardening is intrinsically
coupled to evolving damage, resulting in the largest strains locally around the voids,
the influence of strain hardening on the hardness may well dominate the damage-
induced effects even for large voids close to fracture.
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Figure 7.8: Numerical indentation simulations reveal the expected increase in rela-
tive (a) hardness and (b) modulus as a function of initial (homogeneous)
plastic pre-strain. These simulations are carried out without voids.

A second mechanism of interest that can cause an increase in hardness is the signif-
icant change in grain shape at large deformations. Force-controlled nanoindentation
tests on undeformed IF specimens reveal that the grain boundaries are significantly
harder than the bulk of the grains (see, e.g., Fig. 7.9(c)). In the deformed sample
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the amount of grain boundaries underneath the tip is substantially different in dif-
ferent regions of a tensile test specimen: away from the neck, where the grains are
more-or-less equiaxed, the plastically deforming volume underneath the indenter
tip contains much less grain boundary surface than at the neck, where the grains are
severely deformed and elongated. As interstitial free steel is the most deformable of
the four metals tested, the grains near the fracture surface will be most elongated for
this metal (Fig. 7.10), which will induce a significant Hall-Patch effect. This well ex-
plains why IF-steel shows a clear increase in hardness for strains over 0.8 (Fig. 7.4(a)).
Nevertheless, as for the other metals, where a clear increase in hardness for large de-
formations is not seen (Fig. 7.4(b), (c) and (d)), this does not mean that the effect of
the grain shape change is not present or irrelevant. For these metals it is much more
likely that the effect of grain shape change is masked such that its relative influence
on the hardness is essentially not known.

Figure 7.9: Examples of indentation experiments up to a constant load of 500 mN,
carried out at different locations on the IF specimen: (a) deeply etched
grains, (b) lightly etched grains and (c) grain boundaries. The images on
top show the sites before the indentation. Analysis of at least five such
indentation experiments shows a statistically significant difference in the
indentation depth of (a) 4.5, (b) 4.4, and (c) 4.1 µm, respectively. Note
that the different etching behavior (deep or light) is due to orientational
differences of the ferritic grains.

A third mechanism is the texture development, which also has an influence on the
measured hardness. The influence of the grain orientations on the hardness was
shown by analytic and experimental analyses of single crystals [129, 130]. A simi-
lar effect was also shown in this work for IF steel (Fig. 7.9(a) vs. (b)). The strong
elongation of the grains at large deformations (Fig. 7.10) results in a strong change in
texture, which undoubtedly has a profound effect on the measured hardness.

The highlighted mechanisms, and possibly other unidentified mechanisms con-
tribute to the final hardness value at any given level of deformation. The effect of
each is different in different microstructures (and therefore in each material), which
is the reason why this indentation hardness-based damage quantification methodol-
ogy, in its present form, is not applicable to most materials as no drop in hardness is
observed. Moreover, even in those cases where some drop in hardness is observed,
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Figure 7.10: Initially equiaxed grains of IF (a) are severely elongated as a result of
tensile deformation to different levels of local strains: (b)∼0.3 and (c)∼1.
All images are shown at same magnification.

one should be aware of the masked effects of strain hardening, grain shape change
and texture development on the hardness values, which can easily cause a large sys-
tematic error in the obtained value of the assumed damage parameter D.

It is also worth mentioning that even in the presence of a fully damage-driven drop,
extrapolation would be a crude way of setting the damageless hardness curve. The
authors have, therefore, also considered a number of alternative options for the de-
termination of the damageless hardness curve. The main idea here would be setting
test conditions such that the same strain levels are achieved (as in the investigated
test) while no damage nucleation mechanisms are being triggered. Such conditions
may be achieved by carrying out tensile tests under hydrostatic pressure [131, 132],
compression experiments [111] or bending experiments, such that with subsequent
indentation experiments on these samples, new reference curves can be obtained5.

However there are significant problems in these routes rendering this strategy worth-
less. First, although most damage nucleation mechanisms are suppressed in these
tests, it is still be very difficult to prove that the material is fully ”damageless”. Sec-
ond, especially in the latter two experiments, it is not possible to reach the same
strain levels observed in tensile tests. And most importantly third, the influence of
the different strain path and stress states in these reference tests are not taken into
account. As a result of these considerations, the use of alternative methods to obtain
the damageless hardness curve fail to provide the required reference state.

Next, the elastic moduli versus strain history is investigated in Fig. 7.11, where the
elastic modulus is determined from the same indentation experiments as used to de-
termine the hardness in Fig. 7.4. Whereas the hardness results showed very good
reproducibility (inter-specimen and between nano- and microindation), the mod-
ulus results show large systematic variations between different specimens and be-
tween nano- and microindation. These large systematic variations are attributed to
slight (unavoidable) tilts of the specimens with respect to the indenter tip, as it is
known that the Oliver-Pharr methodology for obtaining the elastic modulus from

5For the case of bending, indentation tests need to be carried on the compression region of the bent
samples



96 7 CRITICAL ASSESSMENT OF INDENTATION-BASED DUCTILE DAMAGE QUANTIFICATION

the unloading slope of the indentation experiment is very sensitive to even small tilt
angles [106]. Such a significant problem of reproducibility already make the elastic
modulus an unpractical probe for damage quantification.
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Figure 7.11: The elastic indentation modulus (obtained from microindentation (data
points represented by crosses) and nano-indentation (data points repre-
sented by dots)) vs. local equivalent Von Mises strain data for the tested
materials: (a) IF, (b) DP, (c) SS and (d) AL.

For the present purpose, it is more interesting to focus on the systematic decrease in
the elastic modulus with increasing strain (visible for each individual specimen) and
its correlation to damage evolution and other deformation mechanisms. Similar to
the hardness curves, a sudden decrease in the elastic modulus does not occur, which
prohibits the identification of a marked onset of damage. Moreover, irrespectively
of the specific data set or specimen considered, the observed continuous decrease in
modulus would mean an increase of damage from the onset of deformation which is
in contradiction with the known slow evolution of damage at low strains followed
by a sharp increase in damage towards localization (Fig. 7.5) [34]. It is more plausible
that the observed decrease in elastic modulus is (at least partially) caused by other
microstructural deformation mechanisms, similar to the case of indentation hardness
as is discussed next.

Surface profilometry revealed for all four materials that indentation causes the ma-
terial to sink-in when the material was undeformed or only moderately deformed
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Figure 7.12: Field data of the local equivalent Von Mises strains for an IF steel speci-
men at the point of fracture and the profile of typical indents at different
regions on this specimen. Indentation in undeformed or barely deformed
regions causes a so-called ’sink-in’ behavior (a), whereas in severely de-
formed regions ’pile-up’ occurs (b).

prior to indentation (Fig. 7.12 (a)), which is a basic assumption in the Oliver and
Pharr methodology to allow determination of the elastic modulus from the unload-
ing indentation curve. However, it is shown in Fig. 7.12 (b) that indentation causes
the material to pile-up if the material is severely deformed prior to indentation. In
the Oliver and Pharr methodology, pile-up can cause a large underestimation of the
elastic modulus due to the significant underestimate of the contact area under the
indenter tip [103]. The Oliver and Pharr methodology takes into account a correction
factor for pile-up, but nevertheless yields a significant overestimation of the Youngs
modulus [103,107]. The overestimation of the Youngs modulus is approximately 8%
on average for hard and soft materials but increases for our relatively soft materials;
for instance, for IF steel the overestimation is as high as 24% [107]. In fact, pile-up
also gives a significant systematic error in hardness [107], which is another argu-
ment against the indentation-hardness damage quantification technique. The elastic
modulus also depends on the texture [130], and especially due to the strong grain
rotations associated with the observed elongated grains (Fig. 7.10 (c)) this could be
a significant effect. Finally, the elastic modulus measurements with the Oliver-Pharr
methodology is possibly affected from local residual stresses present in the mate-
rial at high deformations resulting from dislocation pile-ups at grain boundaries and
second-phase particles.

In conclusion, a measured decrease in the elastic modulus has many contributing
sources (not excluding other mechanisms not considered here, such as, a decrease
in grain boundary connectivity at higher strains). Since it is strictly impossible to
quantify the separate contributions of all these sources on the decrease of the elas-
tic modulus, the use of the elastic modulus as a reliable probe of the accumulated
damage is unjustified.
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7.6 Conclusions

This paper critically analyzed the reliability and applicability of a frequently used
damage characterization methodology, in which indentation tests are carried out to
measure the degradation of the hardness and elastic moduli as a function of the ac-
cumulated strain, from which a damage variable is extracted. Four sheet metals of
different formability were analyzed using a combination of indentation, scanning
electron microscopy, micro-CT tomography, sensitive density measurement, as well
as supporting finite element simulations. The following conclusions can be formu-
lated:

i) For increasing degree of deformation, both the hardness and the elastic modulus
not only change due to damage, but also due to a number of additional microstruc-
tural mechanisms, such as strain hardening, grain shape change, texture develop-
ment, residual stresses and indentation pile-up.

ii) This clarifies why for the investigated four metals, the hardness does not decrease
for increasing deformation even though (a) all other experimental techniques clearly
reveal the presence of damage at indentation locations, and (b) accompanying simu-
lations emphasize that the measured density of voids suffices to induce a significant
decrease in hardness for the case that no other mechanisms would contribute to the
hardness.

iii) For the obviously less frequent case that a marked reduction in the hardness and
the elastic modulus is observed for a certain material subjected to indentation, a reli-
able quantitative characterization of damage is still not justified, since the masked
factors will modify the hardness and elastic moduli in an unknown and unpre-
dictable manner.

Despite the described complications which render the indentation-based methodol-
ogy useless, aforementioned advantages of mechanical methods for damage quan-
tification over geometric methods still motivate an effort for improvement. It is
obvious from our results, however, that as long as the drop in hardness or mod-
ulus due to damage accumulation is masked by other microstructural effects, the
methodology cannot be used. Accordingly, one strategy to improve the indentation-
based methodology is by erasing all other microstructural effects to be able to capture
damage-induced softening; this could be achieved by designing a (material-specific)
heat treatment, which completely removes the deformation history while leaving
the damage unaltered. A second strategy for an improved damage quantification
technique is by probing the local mechanical properties in the fully elastic regime,
thus remaining far away from the plastic regime; this is not possible with indenta-
tion but could be accomplished by performing sensitive compression tests on (EDM-
machined) micropillars. Both strategies are currently being investigated and results
will be reported in future publications.
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CHAPTER EIGHT

Indentation Based Damage

Quantification Revisited1

Abstract

Efforts in implementing continuum damage models in forming simulations are ham-
pered by the absence of experimental techniques to provide reliable and accurate
damage evolution parameters. The widely used indentation approach, whereby
deformation-induced damage is quantified through the degradation of indentation
hardness and modulus, was shown to be intrinsically deficient (Chapter 7). Here, a
new indentation-based methodology is developed and evaluated, allowing damage-
induced degradation of hardness and modulus as a reliable probe for damage quan-
tification .

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, M.G.D. Geers, Indentation Based Damage Quan-
tification Revisited, Submitted., (2010).

101
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8.1 Introduction

In the last decades, continuum damage mechanics frameworks [80,83,133–135] have
evolved towards a useful toolbox to predict failure behavior for a wide range of mate-
rials (e.g. metals [136], composites [137], polymers [77] etc.). This interest is most pro-
nounced in the sheet metal forming industry, where the damage evolution-triggered
failures of advanced high strength steels and aluminium alloys is a growing issue.
This ductile damage can be predicted by incorporating continuum damage models
(CDM) into forming simulations, if the available experimental tools are able to pro-
vide quantitative material-specific damage evolution parameters.

In the pioneering work of Lemaitre and Dufailly [84], it was reported that indenta-
tion is the most suited damage quantification methodology2, which: (i) probes the
mechanical response directly such that the influence of the full spectrum of dam-
age mechanisms is captured, (ii) yields a ”mechanical” damage parameter D in-
stead of a geometrical damage parameter, (iii) provides enough spatial resolution
to capture the high strain and damage gradients, and (iv) is practical and cost-
effective. Consequently, the indentation approach has been used widely by re-
searchers from academia and industry, where the D value was either determined
from the degradation of the hardness (DH = 1-HD/H) or modulus (DE = 1-ED/E),
see e.g. [84, 90, 117, 120, 123].

Unfortunately, in a recently published critical analysis of this methodology, the au-
thors have shown that the experimental determination of the D values is not trivially
possible using this methodology on the as-deformed material [105]. Numerical anal-
ysis of the indentation experiments confirmed the underlying problem: the damage-
induced hardness and modulus degradation are masked by other deformation-
induced microstructural changes including grain shape change, texture formation,
residual stress build-up, etc.

In this article, we demonstrate that the intrinsic deficiencies of this methodology
can be repaired upon removing these deformation-induced microstructural changes
from the as-deformed material. This is achieved by partial homogenization of the de-
formed microstructure via an extensive deformation-history erasing heat treatment,
yielding a spatially homogeneous polycrystalline matrix surrounding the geometri-
cal damage (i.e. voids) which themselves remain unaffected. This partial homoge-
nization allows the damage-induced hardness and modulus to be used as a reliable
probe to obtain D (Fig.8.1).

2Note that, even though direct methods (e.g., electron microscopy, x-ray micro-tomography, or sen-
sitive density measurements) are well suited for characterization of damage micro-mechanisms, they
all have limited precision/resolution for damage quantification [70, 90, 138, 139] and the geometrical
damage parameter obtained does not necessarily account for possible ”mechanical” damage effects,
e.g. due to (volumeless) microcracks. Therefore, accurate prediction of damage-induced softening
requires a proper methodology to quantify a ”mechanical” D parameter.
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Figure 8.1: Schematic representation of the modified indentation-based damage
quantification methodology: (a) Conventional indentations on as-
deformed specimens show no drop in hardness and an early decrease
of the modulus at strains far before microvoid nucleation, rendering the
technique unreliable for damage quantification. (b) A carefully-designed
follow-up heat treatment is used to generate newly recrystallized, strain-
free, homogeneously-distributed grains, revealing constant indentation
hardness and modulus before the onset of damage and the degradation
of both afterwards. The damage parameter can then be calculated from
the observed degradation.

8.2 Challenges in Partial Homogenization of the De-

formed Microstructure

There are two challenges in developing a heat treatment for the concept shown in
Fig.8.1. First, the heat treatment should restore a spatially homogeneous polycrys-
talline matrix surrounding the voids, such that the influence of damage can be cap-
tured unambiguously by follow-up indentation experiments. This requires the heat
treatment to be designed carefully, taking into account the kinetics of recovery, re-
crystallization, grain growth and phase transformation processes. Second, the heat
treatment should not have an influence on the prior deformation-induced damage
existing in the material.

In the following, these challenges are addressed resulting in a heat treatment strat-
egy that will subsequently be assessed and validated through indentation experi-
ments and numerical simulations. For this assessment, an industrial dual-phase steel
(DP600) was chosen as a representative test case, as it shows strong microstructural
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changes and significant damage accumulation3. To this end, DP600 tensile samples
are deformed to the point of fracture, yielding severe deformation of the ferritic-
martensitic microstructure as measured with in-situ local strain field measurement
with a ∼10µm spatial resolution (using digital image correlation).

The first challenge is to homogenize the microstructure of the deformed matrix sur-
rounding the voids. For many deformation modes, including the case of uniaxial ten-
sion considered here, severe deformation leads to a strong heterogeneity in the metal
microstructure, as a result of diffuse and/or localized necking (Fig. 2a). The local
strain level determines the grain elongation, grain rotation, stored strain energy, dis-
location density, dislocation cell structure formation, etc., resulting in the observed
heterogeneity in the microstructure. This heterogeneity significantly affects the re-
crystallization or phase transformation kinetics, e.g. through the nucleation rate, as
severely deformed regions provide energetically more favorable nucleation sites. To
overcome this significant obstacle for obtaining a homogeneous microstructure with
a heat treatment, the following procedure is developed that is generally applicable
for most metals: first, the heterogeneity in strain energy is reduced with a prolonged
recovery step. The remaining strain energy, dislocation structures or differences in
grain shape will still inevitably induce different nucleation rates in different regions
of the specimen upon recrystallization, leading to a wide distribution of grain sizes.
However, by extending the duration of the recrystallization step, sufficient time is
allowed for grain boundary migration to minimize the grain size distribution via
excessive grain growth. For severely heterogeneous microstructures, further mi-
crostructure homogenization can be achieved through repeated phase transforma-
tions at higher temperatures (e.g. eutectoid transformation for steels).

This strategy is applied to DP600 steel, for which the recovery and recrystallization
temperatures are 500◦C and 700◦C, respectively. Following 24 hours at each of these
temperatures, the samples are austenized (at 1000◦C) for 24 hours and cooled be-
low the eutectoid transformation temperature and held at 600◦C for 24 hours4. After
the heat treatments, cross sections of the samples are metallographically prepared5.
Light microscopy (Zeiss Axioplan 2) is used for quantitative analysis of phase frac-
tions, while orientation imaging microscopy (FEI Sirion scanning electron micro-
scope) is used for grain orientation and grain size analysis.

Analyses of the heat treated samples confirm expectations that a pearlitic-ferritic
microstructure is obtained from the heat treatment of deformed martensitic-ferritic
DP600 steel specimens (Fig.8.2a). As shown by the optical images (Fig.8.2b), grain

3Damage accumulation in DP600 take places through martensite cracking and martensite-ferrite
decohesion, although other mechanisms are also observed [34]

4All heating and cooling rates are controlled at 10 ◦C/min (Carbolite HVT 12/60/700 vacuum
furnace) to avoid significant thermal stresses.

5For microstructural characterization and indentation experiments, sample cross sections are pre-
pared using successive grinding and mechanical polishing, followed by electropolishing and (only
for microscopy analysis) etching with 2 vol.% nital solution.
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size distributions (Fig.8.2c), and grain orientation images (Fig.8.2d) at different spec-
imen locations (and hence different strain levels) the severe heterogeneity of the as-
deformed microstructure surrounding the voids (Fig.8.2a) is homogenized success-
fully using the adopted heat treatment strategy.

Figure 8.2: (a) As-received martensitic-ferritic microstructure deformed to strain lev-
els of 0%, 22% and 49% before the heat treatment, and (b) the homog-
enized pearlitic-ferritic microstructure obtained after the heat treatment,
as confirmed by (c) the grain size distributions and (d) grain orientation
maps, both of which are constant over the complete specimen surface
within statistical uncertainty.

Second, we consider possible changes to the deformation-induced damage in the
material due to the adopted heat treatment. The implemented slow heating and
cooling cycles rate of 10 ◦C/min. ensures a homogeneous temperature distribution
within the specimen, thereby avoiding thermal stresses as a possible cause for dam-
age alteration. Comparative microvoid area fraction measurements are carried out
on as-deformed and heat treated samples to verify this assumption, which revealed
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that the void area fraction in the heat treated microstructure is equal to that of the
deformed microstructure within the statistical uncertainty of the measurement, be-
ing 0.01%. As further verification, in-situ SEM experiments are carried out, during
which deformation-induced microvoids in DP600 steel are micrographically moni-
tored during heating (FEI Quanta 600 SEM, equipped with a 1500◦C heating stage).
No significant changes in the morphology of individual voids are observed up to a
temperature of 600◦C, after which surface oxidation prohibited precise analysis (de-
termination of void dimensions with an accuracy of ¡ 10nm.)6 . All of these observa-
tions suggest that the influence of the heat treatment on damage is insignificant, i.e.
the deformation-induced damage is preserved throughout the heat treatment.

8.3 Quantification of Damage through Indentation Ex-

periments

With other deformation-induced microstructural mechanisms disabled in the
microstructurally-homogenized material, the influence of the preserved damage on
the indentation hardness and modulus can now be analyzed. For this purpose, load-
controlled microindentation experiments are carried out using a CSM Instruments
Micro-indenter with a Berkovich tip, up to a load of 4 N , and the local hardness and
elastic modulus are obtained using the standard Oliver-Pharr methodology [103].
Hardness and modulus data are then coupled with the local strain data to investi-
gate their coupled evolution with increasing deformation. All tests are repeated on
six specimen parts to assess inter-specimen reproducibility. The obtained results are
shown in Fig.8.3.

In Fig.8.3, the first striking observation is the constant hardness and modulus val-
ues at low levels of deformation. This is a clear indication of the effectiveness of the
heat treatment, as earlier experiments on the as-deformed specimens (without heat
treatment) for DP600 steel (as well as for three other metals) showed from the on-
set of deformation a clear increase in hardness and a clear decrease in modulus [105].
With further deformation, a sudden drop is observed in both hardness and modulus,
starting at the same strain level of 0.2, which was identified by electron microscopy
analysis as the starting point of martensite fracture. Such a drop at ∼0.2 strain was
completely absent in the as-deformed state due to the masking influence of other
microstructural changes on the indentation experiments. Finally, the D parameter is
calculated from the relative drops in hardness and modulus, as shown in the lower
part of Fig.8.3. Apart from the same onset of damage accumulation at ∼0.2 strain,
it is also observed that the magnitude of the damage obtained from two substan-
tially different physical properties (hardness degradation vs. modulus degradation)

6Preferably, one aims to verify this assumption by probing the morphology of internal microvoids
before and after heat treatment. Unfortunately, the required spatial resolution cannot be attained, not
even with the highest resolution micro-tomography technology (x-ray micro-tomography with a 0.5
µm voxel size).
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Figure 8.3: Results of the indentation measurements on the heat treated specimens
showing an initial plateau in hardness (blue) and modulus (red) at low
levels of deformation (no damage accumulation), and a clear decrease
with further increasing deformation (onset of damage). Corresponding
damage values are also plotted for the same strain levels and with the
same color coding. The error bar represents the standard deviation of the
mean.

are roughly equal within their statistical uncertainty. These trends, along with the
microstructural characterization shown above, provide strong evidence that the de-
formation history is indeed successfully erased, while the damage is preserved, and
that the observed drop in both hardness and modulus is only caused by the damage
in the microstructure.

8.4 Reliability Assessment of the Measured Damage

Parameter

A final concern may arise, because the D parameter is obtained from indentation
experiments on a different matrix microstructure (but with the same preserved dam-
age), which may not be representative for the damage evolution in the as-received
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material7. Therefore, lastly, the reliability of the obtained D parameter is assessed.
As explained above, alternative damage characterization methodologies (SEM, X-
ray microtomography, etc.) lack the required precision to verify the results obtained
here. Hence, finite element (FE) simulations of the indentation experiments are uti-
lized to assess the influence of the matrix elasto-plastic response on the observed
damage-induced degradation of hardness and modulus.

In these simulations, the actual Berkovich tip used in experiments (modeled as a
rigid body) is indented into the metal (elasto-plastic material behavior with isotropic
hardening) containing 2.0% porosity (see inset in Fig.8.4). Mechanical properties (i.e.
yield strength, Young’s modulus, strength coefficient and strain hardening exponent
) of the DP600 steel, which serves as the base material in this comparative study, are
obtained from the uniaxial tensile tests. The voids (i.e. 2% porosity) are modeled
explicitly with a random spatial distribution and a realistic void size distribution,
sampled from SEM analyses . The simulations yield force-displacement indentation
curves, from which the hardness and elastic moduli are obtained using the Oliver
and Pharr methodology, in the same way as done in the real indentation experiments.

To mimic possible changes in the mechanical response of the metal matrix due to the
heat treatment, the simulations are repeated changing one property at a time explor-
ing (reasonable) material limits , while keeping the other three properties and the FE
mesh (i.e. void distribution and void volume fraction) fixed. Each simulation is re-
peated without porosity and the D parameter is calculated from the difference with
and without porosity using DH = 1-HD/H and DE = 1-ED/E. Subsequent compari-
son of DH and DE with those of the DP600 control case yields the additional (relative)
error in the D value due to changes of the matrix material.

The simulations reveal a maximum additional error in the experimentally-measured
damage values due to changes of the matrix material of only 2% of the DH or DE
value, and in most cases this additional error will even be much less (Fig.8.4). Ap-
parently, the error introduced by possible changes in matrix microstructure due to
the heat treatment is much smaller than the experimental uncertainties of the inden-
tation results. In conclusion, the adopted heat treatment does not need to reproduce
the original starting microstructure.

8.5 Conclusions

In summary, the proposed strategy to eliminate the influence of the microstruc-
tural heterogeneity to properly capture the damage-induced degradation of inden-
tation hardness and modulus is verified by a thorough microstructural and mechan-
ical analysis. The microscopy analysis reveals that a homogeneous microstructure

7Reproducing the starting matrix microstructure from a deformed state may be possible with more
complex heat treatments, however, this would limit the application of the approach as a general
methodology, especially for industrial case studies.
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Figure 8.4: The sensitivity of the damage parameter, DH or DE, to heat treatment in-
duced changes in material properties, as calculated from the change in D
value due to a change in material input parameters compared to the DP600
control case (Young’s modulus of 239 GPa, yield strength of 379 MPa,
strength coefficient of 1009 MPa, and strain hardening exponent of 0.171),
while keeping the (randomly-generated) void distribution constant. Each
set of simulations is repeated for five different void distributions to probe
the statistical uncertainty.

can be obtained with a dedicated heat treatment that preserves the deformation-
induced damage. Subsequent indentation experiments show the expected hardness
and modulus profiles (i.e. an initial plateau at low strain levels followed by a clear
decrease with increasing deformation), consisted with microstructural observations
made. Finally, accompanying finite element simulations of the indentation experi-
ments show that the error in the measured damage due to possible heat treatment
induced changes in the matrix microstructure is insignificant compared to experi-
mental uncertainties.

Whereas indentation-based damage quantification, which is required for quantifying
damage in continuum damage models, is intrinsically deficient in its original form,
it can still be used to obtain the damage properly if a dedicated heat treatment is
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applied prior to the indentation experiments. Therefore, the proposed method fills
a critical gap in damage engineering, allowing mechanical damage parameter to be
measured in a reliable manner.
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CHAPTER NINE

Micropillar Compression Testing for

Ductile Damage Quantification1

Abstract

Continuum damage models require experimentally obtained damage parameters to
accurately predict material failure. However, existing experimental methodologies
do not suffice the requirements. In this work, an original damage quantification
methodology is presented which is based on elastic compression tests on electro-
discharge machined micropillars. The damage parameter is obtained through the
measured degradation of the modulus due to previous deformation. The capabilities
of the methodology are demonstrated in a case study, where the damage evolution
in a dual-phase steel due to a uniaxial tensile test is successfully quantified.

1Reproduced from: C.C. Tasan, J.P.M. Hoefnagels, M.G.D. Geers, A Micropillar Compression
Methodology for Ductile Damage Quantification, Submitted, (2010).
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9.1 Introduction

Continuum damage models (CDM) are attracting significant scientific and industrial
interest in order to predict the complex mechanical behaviour and failure of new ad-
vanced metals (dual phase, transformation-induced plasticity and twinning-induced
plasticity steels, advanced aluminium alloys, etc.). The application of CDM in real
operations, on the other hand, is still limited due to the need for experimental iden-
tification of the adopted deformation-induced (and material specific) damage evo-
lution laws. It was shown earlier that a quantification of damage-induced softening
is not trivially possible using existing direct experimental techniques (e.g. electron
micrography, x-ray micro-tomography, highly-sensitive mass and volume measure-
ments), which effectively probe geometric damage (e.g. void area fraction, void vol-
ume fraction, and porosity density) [70,90,138]. This is essentially due to the insensi-
tivity of a scalar geometric damage parameter to cover the full mechanical influence
of deformation-induced damage. Moreover, experimental accuracy is generally also
lacking2. These requirements (i.e. sensitivity to full damage spectrum, high accu-
racy) call for a mechanical testing method, with a high spatial resolution, capturing
high strain and damage gradients. Consequently, Lemaitre et al. proposed an inden-
tation based methodology [84], where deformation-induced hardness degradation is
probed to quantify a mechanical damage parameter, D. This approach has received
considerable attention [90, 120, 123] and was extended by Guelorget et al. [117] to
probe the damage parameter from the degradation of the indentation-modulus (ob-
tained via Oliver-Pharr methodology [103]), through:

DE = 1 −
Ed

E
(9.1)

where EDis the modulus of the damaged material and E is the modulus in the unde-
formed state.

Recently, it was shown by the authors that the classical indentation based approach
is intrinsically deficient due to plasticity-induced microstructural effects (indentation
pile-up, strain hardening, grain shape change, texture formation, etc.), which mask
the degradation of hardness and cause severe artifacts in the modulus [105].

Since these plasticity-induced microstructural effects render the conventional
indentation-based methodology useless, an alternative mechanical method for dam-
age quantification is required. Obviously such a new mechanical methodology
should only probe the elastic response and avoid undesired plasticity effects to al-
low for the extraction of an accurate damage parameter.

In aiming to achieve this goal, we here present a novel methodology based on com-

2Nevertheless, these techniques allow qualitative (microscopic) analysis of damage mechanisms,
which is required to optimize damage sensitive microstructures.
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pression tests, which quantifies damage-induced softening through the degradation
of the elastic modulus of compression. Afore-mentioned plasticity induced problems
(e.g. indentation pile-up) are circumvent with the developed methodology, since the
modulus of compression is measured on micropillars with a flat punch (instead of
the sharp indenter in the original indentation methodology) and the load levels are
kept well-below the point of yielding, thereby minimizing localized plasticity.

Results obtained demonstrate that this methodology overcomes the previously re-
ported complications in damage quantification in a reliable and accurate manner.

9.2 Experimental Methodology

The developed methodology is demonstrated on a commonly-used industrial sheet
metal grade: dual phase 600 (DP) steel, of 1mm thickness. Tensile specimens
(Fig.9.1a) of DP steel are cut using electro-discharge machining (EDM), painted with
a speckle-pattern and tested up to the point of fracture using a micro-tensile stage
(Fig. 9.1b). To assess the reproducibility of the methodology, three samples are tested
from each sheet. Following the tensile test, deformed samples are cut into four pieces
each along their central axis using wire EDM (with a wire diameter of 0.1mm) (Fig.
9.1c). Pillars of square cross section (i.e. 0.2x0.2mm2) are produced at the cross sec-
tions of the tensile specimens, with two perpendicular sets of 0.4mm-deep parallel
wire EDM cuts (Fig. 9.1d)3. The size of the pillars (0.2x0.2x0.4mm3) are selected
such that a representative material volume (covering hundreds of grains) is probed,
while sufficient spatial resolution is maintained to capture high strain and damage
gradients. Local equivalent strains are calculated from DIC measurements of the
deformation during the initial tensile test to obtain the level of deformation at each
pillar location. Finally, the EDM induced surface roughness of the pillars is removed
with a short electro-polishing step.

Load controlled compression tests are carried out using a micro-indenter (CSM In-
struments Micro-Indenter) with a flat punch of 0.35mm diameter. From each tested
pillar, load vs. displacement data is obtained (Fig.9.2), used to extract the elastic com-
pression modulus. The loading-unloading scheme is specially designed to minimize
the influence of surface plasticity on the modulus measurement (Fig. 9.2): The pillars
are first compressed up to 2N load level, which corresponds to approximately half
of the material yield strength, subsequently unloaded to 0.4N, and then three times
reloaded and unloaded between the 0.4N and 1N. The modulus is calculated upon
the higher 60% portion of the unloading from the 1N. Obtained modulus data is used
to calculate the damage parameter DE , where the modulus in the undeformed state
is measured on the pillars outside the specimen gauge section. Finally, DE is coupled
to the measured local strains to reveal its evolution with deformation.

3Recently, focus ion beam miled micro-pillars have received a lot fo attention in the literature to
study the size dependency of plasticity phenomena [140,141]. For the present purpose, however, due
to the total volume of material that needs to be removed, focus ion beam milling is not an option.
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(a)

(b)

(c)

(d)

(e)

neck

Figure 9.1: The adopted experimental methodology consists of tensile tests on dog-
bone shaped specimens up to the point of fracture (b), cutting the de-
formed samples into two pieces along their central axis with 3 wire EDM
cuts (c), followed by two perpendicular sets of 0.4mm-deep parallel wire
EDM cuts on the cross section at 45◦ with the tensile direction (d) to pro-
duce the field of 0.2x0.2x0.4 mm3pillars shown in (e). Note that the final
electro-polishing step reveals microvoids at the top of pillars located at
highly deformed regions around the neck.
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Figure 9.2: The loading sequence for the compression tests for the DP steel (left); Re-
sulting load vs displacement curves (right)
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9.3 Results

The deformation-induced evolution of the compressive modulus is shown in Fig.9.3.
It is striking to observe that the modulus is constant at low strain levels and then
begins to degrade at an increasing rate, and reaches a minimum at the onset of frac-
ture. Note that this physically expected trend was not captured with the original
indentation-based damage quantification methodology [105]. This overall trend and
the total amount of decrease in modulus reveals a realistic damage evolution trend,
with the damage value staying constant within experimental accuracy up to a strain
level of ∼0.24, then increasing almost linearly to 5%, and finally growing rapidly to
∼20% at the onset of fracture. Note that these high levels of final damage values
are in accordance with the microstructural observations obtained by the scanning
electron microscope (see Fig. 9.1e).

While these results are highly promising, one should also consider other sources
that might trigger a deformation-induced change in elastic modulus, such as tex-
ture evolution or residual stress built-up. Such effects may be very critical for the
quantification of damage accurately, as shown earlier by the authors for the origi-
nal indentation methodology. In order to reveal the influence of these microstruc-
tural effects for the case of DP steel, a dedicated heat treatment protocol is applied
to deformed tensile specimens, details of which are provided elsewhere [142]. This
heat treatment (which is originally developed and used for a new indentation-based
damage quantification methodology [142]) aims at partially homogenizing the de-
formed microstructure such that the deformation-induced heterogeneity in grain
size, grain shape, grain orientation etc. are removed, while the voids themselves
are left unaffected. Micropillar compression tests on heat treated samples showed
that the decrease in modulus and the overall trend is very similar before and after
the heat treatment, revealing that the influence of other microstructural changes on
the degradation of elastic modulus is within experimental uncertainty (Fig..9.3). As
a final verification of the accuracy of the micropillar compression methodology, the
damage evolution in the same dual phase steel is also quantified using the above-
mentioned new indentation-based damage quantification methodology [142]. The
obtained results verified the accuracy of the micropillar approach, revealing the same
damage initiation point and the damage accumulation profile up to the onset of frac-
ture, where strain measurement uncertainty obstructs the direct comparison between
the two methodologies.

9.4 Conclusions

A promising damage quantification methodology is developed, whereby the elas-
tic damage parameter is obtained through the deformation-induced degradation of
the elastic compression modulus. Proof-of-principle experiments on dual-phase 600
steel demonstrated that a realistic mechanical damage parameter can be obtained in
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ter microstructure partial-homogenization heat treatment are also shown,
which reveal that deformation-induced microstructural effects (other than
damage evolution) have no significant influence in the modulus trend.
Obtained damage evolution is verified with an alternative (indentation-
based) damage quantification methodology [142].

a reliable manner.

9.5 Acknowledgements

This research was carried out under the project number MC2.05205 in the framework
of the Research Program of the Materials innovation institute M2i (www.m2i.nl), the
former Netherlands Institute for Metals Research.



CHAPTER TEN

General Conclusions and Outlook

10.1 Conclusions

Acquiring an in depth understanding of damage evolution is a prerequisite to reach
the objectives of the metals processing industry regarding weigh-reduction, minia-
turization, multi-functionality, high durability, etc. While superior specific strength
of metals may be achieved by processing complex microstructures (e.g. dual phase
steels, transformation-induced plasticity steels, high strength aluminium alloys, etc.),
formability remains at risk as a result of more prominent deformation-induced dam-
age, the evolution of which is highly sensitive to the particular microstructural mor-
phology. Reports of unexpected failure at low levels of deformation clearly indicate
the difficulties encountered in optimizing complex microstructures for the deforma-
tion steps used in forming or in service. This sensitivity was also clearly demon-
strated in this thesis (in chapter 2): the limits of stable deformation, i.e. localization
(represented by the forming limit curve) and fracture (represented by the fracture
limit curve) are lowered in microstructures with a significant number of potentially
active damage mechanisms, underlining the need for an enhanced understanding.

10.1.1 Characterization of Ductile Damage Mechanisms

The detailed analysis of forming limits and damage mechanisms in chapter 2 also
re-emphasize the first motivation of this PhD project, i.e. the need to provide new
experimental techniques to enable characterization of damage evolution, since the
experimental data in chapter 2 was obtained using conventional experimental tools
(macro-scale tests) and methodologies (post-mortem fractography analysis). While
the coupled use of existing tools can provide useful data of a relative nature (such as
void area fraction), the analysis of physical nature of microstructural should be done
with great care since the post-mortem fractography effectively requires back-tracking

117
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the deformation history to interpret the findings. Accordingly, a full understanding
of these damage mechanisms can only be achieved by enhancing the applied exper-
imental methodologies such that: (i) more information on the spatial deformation
field (e.g. real-time deformation image sequences, micro-level strain data, etc.) can
be extracted, and (ii) the influence of the adopted methodology on the obtained ex-
perimental data itself is minimized. This point is demonstrated in the subsequent
chapters (3, 4 and 5), where three original micro-mechanical methodologies are pre-
sented that enable the experimental characterization of damage mechanisms in con-
siderable more detail.

First, a miniaturized Marciniak setup was designed (after discarding other possible
setups such as hemi-sphere punch tests, cruciform tests, bulge tests, etc.), built and
tested. This setup enables the analysis of sheet metal deformation in different strain
paths up to the point of fracture, with parallel real-time in-situ electron microscopic
examination (chapter 3). The amount of additional information on metal deforma-
tion that comes available by this setup is promising, as it allows tracking of specific
microstructural features during deformation in strain paths ranging from uniaxial
tension to biaxial tension.

A major benefit of such an in-situ analysis was shown in chapter 4, where elec-
tron microscopy image sequences of the deformation of the microstructure are post-
processed to obtain the microstructural strain partitioning, revealing a detrimental
influence of segregation-induced band morphology on damage evolution. On the
basis of this detailed microstructural information, it has been concluded that mi-
crostructures with a hard, continuous band experience extensive damage nucleation
due to shear bands developing through the narrowest section of the banded phase,
forcing it to deform beyond its plastic limit.

However, while in-situ electron microscopy tests provide high quality information
on the deformation micro-mechanisms at the metal surface, it is also required to carry
out investigations beneath the metal surface. For this type of microstructural analy-
sis, existing specimen preparation methodologies (e.g. mechanical polishing, electro-
polishing) generally compromise the original microstructure, with changes that are
mostly unacceptable. In chapter 5, an improved experimental methodology is pre-
sented, whereby samples previously deformed in a ductile manner are separated in
a well-controlled brittle manner to open up the microstructure for analysis without
any additional ductile deformation. Microscopic imaging of the two fracture sur-
faces permits to reconstruct the 3D characteristics from the ductile pre-deformation,
providing a clean and effective way of visualizing grain deformations, microvoid
nucleation sites and growth mechanisms, and other micro-events induced by ductile
deformation.

10.1.2 Quantification of Damage Evolution

The proper characterization of damage micromechanisms typically allows for a met-
allurgical solution to avoid damage-induced failure. Accurate damage models (that
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take microstructural damage evolution on board) would enable a precise prediction
of deformation limits in different strain paths providing a mechanical solution of
the problem. However, continuum damage models require material-specific damage
evolution laws. Even though many damage quantification methods to measure the
damage evolution laws have been proposed in literature, their predictive capabilities
and engineering reliability have hardly been investigated. Therefore, the second goal
of this PhD project was to investigate the reliability of existing techniques in an effort
to assess ideal experimental probes for the quantification of the damage parameter.

The analysis presented in chapter 6 fills this gap by comparing the accuracy and
resolution of existing ”direct” damage quantification techniques (i.e. highly sensi-
tive density measurements, X-ray microtomography, and SEM imaging) to ”indi-
rect” damage quantification techniques (i.e. indentation methodology, modified in-
dentation methodology, micropillar compression methodology). Obtained results
demonstrate that, even though the direct methods are well suited for characterization
of damage micro-mechanisms, they all have limited precision/resolution for damage
quantification, and the measured geometrical damage parameter does not account for
all possible ”mechanical” damage effects, e.g. due to the presence of (volumeless)
microcracks. Therefore, accurate prediction of damage-induced softening with CDM
requires a proper methodology that enables a reliable quantification of a mechanical
damage parameter.

Chapter 7 proves that the existing methodologies that are commonly used (in the
literature and the industry) to quantify a mechanical damage parameter may fall
short. The most promising of such methodologies, i.e. the conventional indentation-
based damage quantification methodology, was shown to be intrinsically deficient:
by probing the indentation-based hardness or elastic modulus, not only the effect
of damage is measured, but also surrounding plasticity effects of strain hardening,
grain shape change, indentation pile-up, etc.

To overcome this problem two original mechanical methodologies have been devel-
oped in this project, whereby it is proven that a material representative mechan-
ical damage parameter can be measured reliably. The first of these new method-
ologies is a modification of the above-mentioned (conventional) indentation-based
damage quantification methodology: Following an innovative strategy to revise
this methodology, it is shown in chapter 8 that the detrimental plasticity effects
of deformation-induced microstructural changes can be resolved by employing a
deformation-history erasing heat treatment that preserves the geometrical damage
in the microstructure. Follow-up indentation experiments reveal a reliable damage-
induced drop in hardness and modulus, enabling the quantitative extraction of a
damage parameter.

The intrinsic problem of the conventional indentation-based damage quantification
methodology can also be overcome by properly probing only the elastic response
of the deformed material. In Chapter 9, a second technique to remedy the masking
plasticity effects is presented. By applying micropillar-based local compression tests
on electro-discharge machined pillars, the elastic compression modulus degradation
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is captured in a purely elastic manner (due to the overall homogeneous deformation
state that does not trigger localized plasticity) enabling a reliable measurement of the
damage parameter.

In summary, the developed methodologies presented in this thesis allow for an im-
proved analysis of damage micromechanisms and the precise quantification of dam-
age accumulation. Using the developed methodologies, the challenges in the char-
acterization of damage micro-mechanisms are effectively addressed, providing dedi-
cated tools to enable a detailed investigation of damage-induced failure mechanisms.

10.2 Outlook

Current industrial trends of weight-reduction, miniaturization, multi-functionality,
etc., are triggered by critical environmental and economical issues (energy conser-
vation, material scarcity, global warming, etc.) and unlikely to lose momentum
in the near future. From a materials and metallurgical engineering perspective,
these trends steer the industry and the scientific community to explore the limits
of metal performance through designing and producing new metals with complex
microstructures. Nature allows limitless possibilities in terms of designing new mi-
crostructures, however, available research resources are too limited to investigate
all possible routes. Moreover, every new microstructure inevitably introduces new
problems, e.g. new failure modes. In overcoming these challenges in the metal mi-
crostructure optimization process, effective characterization of metal deformation,
damage and failure plays (and will continue to play) a critical role. New experimen-
tal techniques that allow a mechanical-microscopic approach, such as in-situ me-
chanical testing with real-time electron microscopy imaging, offer an effective strat-
egy for in-depth analysis of the metal failures, and the underlying physical mech-
anisms. However, these tools are relatively new, and hence, have not so far been
used to their limit. From an industrial perspective, such methodologies can be ef-
fectively employed in the near future to set general guidelines for the development
of new metals, in order to meet the requirements arising from the critical environ-
mental and economical issues. From a scientific perspective, current understanding
of the microstructural deformation mechanisms can be largely expanded by the im-
mense amount of data that can be produced with this approach (e.g. sequential high-
resolution images of microstructure deformation, microstructure-level strain fields,
grain orientation maps, etc.), especially if effective means of producing model mate-
rials can be developed.

While the mechanical-microscopic approach addresses the fundamental issues in
microstructure-performance relationship, there is also a strong need in metals in-
dustry for new experimental techniques to address arising engineering problems.
Determination of safe forming limits and fracture points for the newly developed
metals is among those problems, and addressed extensively in this thesis. The most
economic approach to optimize forming operations is through computational sim-
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ulations. Commonly observed damage-induced failures can be predicted through
the implementation of continuum damage models in forming simulations, hence
taking deformation-induced damage evolution into account. However these mod-
els require experimentally obtained damage parameters, and existing experimental
methodologies do not suffice the requirements to provide these parameters. The in-
depth analysis in this thesis provides deepened insight to explore ideal experimental
approaches to measure the damage parameters, while also demonstrating the future
challenges in this field. The damage spectrum of the conventional damage quan-
tification techniques is significantly enlarged with the techniques developed in this
thesis, which also capture mechanical damage effects, allowing damage evolution to
be successfully quantified up to a level of 10-20%. Yet, continuum damage models
still require the full evolution of damage to the point of fracture (D=100%). This is
a difficult task for the case of uniaxial tension considered here, since the accurate
quantification of the high damage gradients in the post-strain localization regime is
extremely challenging. A promising strategy for future work could be modifying the
developed methodologies to probe damage evolution in other deformation modes
(such as bending) where deformation is more constrained, and high strain gradients
due to localization are avoided.
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Samenvatting

De opkomst van zogenaamde ’advanced high strength steels’ (AHSS) and alumini-
um legeringen voor gewichtsbesparing van auto-onderdelen heeft de interesse van-
uit de industrie naar deformatie-gerelateerde ductiele schade in bladmetaal de laat-
ste decennia, sterk doen toenemen. Grote deformaties tijdens productie of onder-
houd zorgen voor verschillende micromechanismen voor schadeontwikkeling in de
multifase microstructuren van deze materialen die dikwijls leiden tot onverwacht
faalgedrag op macroniveau. Dit kan worden voorkomen door a) microstructuren
van metalen zodanig te optimaliseren dat deze minder gevoelig zijn voor schade-
gerelateerd falen, waarvoor een experimentele karakterisering van die microme-
chanismen voor schadeontwikkeling nodig is of b) de incorporatie van continum-
schademodellen van vormingssimulaties om vormingsprocessen te ontwerpen bin-
nen de grenzen van toegestane deformaties (waarvoor op experimentele wijze de
opstapeling van schade moet worden gekwantificeerd). Hoe dan ook, beide strate-
gien worden belemmerd door de beperkingen van de nu beschikbare experimentele
diagnostieken. Daarom is het doel van dit onderzoek het ontwikkelen van nieuwe
experimentele methodologien voor (i) karakterisering van micromechanismen voor
schadeontwikkeling en (ii) nauwkeurige kwantificering van accumulatie van schade
met het oog op voor industrieel relevant bladmetaal.

Als eerste wordt de invloed van het schadeverloop op lokalisatie en breuk onder-
zocht door twee typen staal met verschillende microstructuren te vervormen volgens
verschillende rekpaden. De resultaten laten zien dat bij microstructuren met veel
schademechanismen, zoals AHSS, accumulatie van schade zowel het moment van
insnoering als de breukrek significant benvloedt. Dit bevestigt het belang van een
grondige karakterisatie van micromechanismen voor schadeontwikkeling bij ver-
schillende rekpaden. Voor de analyse van deze mechanismen moet een testopstel-
ling van miniatuurformaat ontwikkeld worden die in een scanning elektronenmi-
croscoop (SEM) past om de deformatie-geinduceerde microstructurele evolutie in
real-time te kunnen monitoren. Hiervoor is een mini-Marciniak opstelling ontwor-
pen, gebouwd en getest die real-time multi-axiale tests van industrieel bladmetaal
tot aan het punt van breken mogelijk maakt in een SEM. Een groot voordeel van in-
situ analyse met behulp van een dergelijk kleine uitrusting is de mogelijkheid om
het verloop van de lokale rekverdeling op microstructuur niveau te volgen, zoals is
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gedemonstreerd in een case studie naar de mechanische invloeden van de morfolo-
gie en eigenschappen van microstructurele bandvorming in metaal. Het effect van
bandcontinuteit en hardheid is verklaard, wat met name voor harde banden met een
continue morfologie resulteert in een duidelijke invloed van schade. Ten slotte is
er een verbeterde experimentele methodologie ontwikkeld om 3D kenmerken van
ductiele schademechanismen te analyseren onder minimale beinvloeding door de
prepatie van het monster. Er zijn reeds vele experimentele methodologien voor het
kwantificeren van schade verschenen in de literatuur, maar deze zijn niet grondig
getoetst op meetnauwkeurigheid, precisie, toepasbaarheid, etc. Om de meest ge-
schikte schade kwantificeringsstrategie voor continum-schademodellen te bepalen,
zijn methodes die de schademorphologie bemonsteren (de volume-fractiemethode,
oppervlakte-fractie methode en dichtheids methode) en methodes die de verande-
ring van materiaal eigenschappen bemonsteren (de standaard en gemodifeerde in-
dentatiemethodes en de micropillaarcompressie methode) op een vergelijkende wij-
ze geanalyseerd. De verkregen resultaten laten duidelijk zien dat methodologien
die ductile schade kwantificeren via de morfologie, een beperkte nauwkeurigheid
hebben en een beperkt schade-spectrum bemonsteren. Dit geeft dus aan dat nauw-
keurige kwantificeringstechnieken op basis van de materiaaleigenschappen nodig
zijn. De standaard indentatie methode is een veel gebruikt voorbeeld hiervan ech-
ter hoewel een numeriek-experimentele analyse heeft aangetoond dat deze techniek
niet voor dit doeleinde kan worden gebruikt, omdat de degradatie van de schade
van zowel de hardheid als de modulus wordt gemaskeerd door andere deformatie-
gedreven microstructurele mechanismen, zoals veranderingen van de korrelvorm of
de textuur. Daarom zijn er in dit onderzoek twee originele schade kwantificerings-
methodologien voorgesteld die op een andere manier de degradatie de mechani-
sche eigenschappen bemonsteren. Een nieuwe methodologie op basis van indentatie
is ontwikkeld en gevalueerd welke de invloed van de microstructurele heterogeni-
teit elimineert om op een juiste wijze de door schade veroorzaakte verlaging van
indentatie-hardheid en modulus te verkrijgen. Ten slotte is er een micropillaar com-
pressie methode ontwikkeld, waarbij de elastische schadeparameter wordt verkre-
gen via deformatie-gedreven degradatie van de compressibiliteitsmodulus van ge-
draadvonkte micropillaren. De resultaten van deze twee methodologien tonen dui-
delijk aan dat methodologien die ductile schade kwantificeren door diens invloed
op een mechanische eigenschap (bijv. de hardheid of de modulus) te meten een
significant hogere nauwkeurigheid hebben en daarom meer geschikt zijn voor het
identificeren van schadeparameters in continum-schademodellen.
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ral Özdamar and all others: You are my source of warmth, quietness, laughter, and
energy. I am lucky to have your love and support at every step along the way.
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